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ABSTRACT
The enhancement of formability of advanced high-strength TRIP-assisted steel
alloys is a challenging assignment for industrial application due to the cracking
phenomenon. The critical factor governing the cracking behavior is residual-stress
concentration resulting from the inhomogeneous plastic deformation and
microstructural evolution during the forming processes. Martensitic phase
transformation kinetics, constituent phases, and crystallographic texture in TRIPassisted steel alloys are correlated to the microstructure evolution, resulting in
phase-specific stress concentration. In the current study, we are aiming at
understanding the fundamental mechanisms responsible for the cracking
phenomenon and thus improving the formability of TRIP-assisted steel alloys. Four
stainless steel (SS) alloys were used in the current study to provide the variables
in stability in austenite phase and constituent phases. There are two main
objectives: (1) the constitutive behavior of the SS alloy plates during tensile
loading, and to provide a basic understanding of the SS alloy behavior, and (2) the
correlation of microstructure and its evolution to the cracking behavior in deepdrawn SS alloy cups and formability of the SS alloys during deep-drawing process.
Firstly, the effect of phase transformation kinetics, constituent phases, and
crystallographic texture on the phase-specific stress partitioning and plastic
anisotropy was investigated in SS alloy plates subjected to uniaxial tension using
synchrotron x-ray diffraction (S-XRD) and in-situ neutron diffraction. Secondly, the
correlation of microstructure and its evolution to the cracking phenomenon and
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formability of TRIP-assisted steel alloy during deep-drawing process was studied
using S-XRD. The results show that the phase-specific stress partitioning behavior
is significantly affected by the martensitic phase transformation and constituent
phases, resulting in the residual stress concentrating in α’-martensite responsible
for the cracking phenomenon in TRIP steel. However, the residual stresses in α’martensite could be reduced in the duplex TRIP steel due to the local stress
partitioning between ferrite and α’-martensite, leading to a better formability in
duplex TRIP steel. The textures are correlated to the transformation kinetics, thus
influencing the martensite phase fraction and cracking behavior in the TRIPassisted steel alloys. This study provides the basic idea to improve the formability
of high-strength TRIP-assisted steel alloys by manipulating the microstructure to
tailor the stress partitioning behavior and plastic anisotropy.
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CHAPTER 1 Introduction
1.1 Background and motivation
It is well known that the initiation of strain localization is critical to the analysis of
formability of sheet metal alloys during sheet-metal forming processes [1-3]. The
strain generated during the heterogeneous sheet-metal forming processing
localizes into the deformation bands [4, 5]. When the localized strain reaches a
critical value, i.e. the limit strain, during a forming process, cracks can be
generated, worsening the formability of metal alloys. Thus, according to the limit
strain in sheet-metal forming processes, the forming limit curve has been
developed as a strain-based failure criterion to evaluate the formability of sheet
metal alloys [6-11]. Mechanistic works have been extensively reported to study the
formability of sheet metals regarding the forming limit curve, showing that the limit
strain is strongly correlated to the strain rate and strain-hardening rate as well as
uniform elongation, and it could be effectively improved by increasing the strainhardening rate, leading to the delayed onset of necking [12-14]. The approach for
enhancing the formability of sheet metals has been employed through improving
the strain-hardening rate in a number of studies on alloy design. For example,
Srivastava et al. [15] used an optimal heat treatment on the transformation-induced
plasticity (TRIP) steel alloy to enhance the strain-hardening rate, showing that the
heat-treated steel sample exhibits high tensile elongation, high limit strain, and
thus good formability.
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The TRIP-assisted steel alloys as a third-generation advanced high-strength steel
alloy have been developed based on the strain-based failure criterion to meet the
requirement of improvement in formability for broad structural applications [16-19].
As the martensitic phase transformation results in the increase in the strainhardening rate during plastic deformation, the onset of necking is delayed and
thereby the tensile elongation and strength are enhanced. However, it has also
been reported that the TRIP steel alloys frequently present a cracking
phenomenon during the sheet-metal forming process at ambient temperature,
despite its high tensile elongation [20-22]. In general, the inhomogeneous plastic
deformation generated from the sheet-metal forming process can lead to the
changes in microstructure, which, in turn, can cause microscopic strain or stress
localization, resulting in cracking. In the literature [23, 24], it has been
acknowledged that the cracking phenomenon in TRIP steel alloys observed during
sheet-metal forming process is strongly correlated to the microstructure and its
evolution. Therefore, the strain-based failure criterion considering the limit strain is
not sufficient to understand the underlying mechanism responsible for the
formability of TRIP or TRIP-assisted steel alloys. Detailed metallurgical
investigation on the microstructure-processing relationship is necessary and the
experimental results would provide a fundamental understanding of the formability
and thereby enhancing the broad application of the advanced high-strength TRIP
alloys.
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1.2 Key factors influencing the formability of TRIP-assisted steel
alloys and scientific issues
1.2.1 Martensitic phase transformation and constituent phases
Martensitic phase transformation in TRIP-assisted steel alloys consisting of
metastable austenite phase is promoted during plastic deformation, resulting in the
transformation of metastable austenite phase into the strain-induced hcp ε- and/or
bcc/bct α’-martensite phases [16, 25]. In the TRIP-assisted steel alloys, the phasespecific stress partitioning is expected to occur during plastic deformation because
of the difference in the phase-specific mechanical properties. As a result, the
residual stress concentration could be generated from the stress partitioning
between constituent phases when the applied stress is unloaded. Furthermore, the
changes in the stress or strain in metastable austenite phase caused by the phasespecific stress partitioning, in turn, could affect the martensitic phase
transformation kinetics [26].
Prior works are mostly focused on the effect of martensitic phase transformation
on the hydrogen embrittlement associated with macroscopic residual stress
concentration [27-30]. It is due to the fact that the martensitic phase transformation
resulting in the bcc/bct α’-martensite phase provides a diffusion path for hydrogen
atoms because of the higher hydrogen releasing rate in bcc/bct structure and
thereby facilitates the hydrogen embrittlement [31, 32]. However, it has been
reported that the cracking phenomenon is not suppressed accordingly in TRIPassisted steel alloy processed by the deep-drawing process when the content of

3

hydrogen is extremely limited [33, 34]. Therefore, the hydrogen embrittlement is
not supposed to be the only key factor for cracking problem and formability of
TRIP-assisted steel alloy.
Furthermore, in a recent study on the formability of a lean duplex TRIP steel alloy
consisting of metastable austenite phase and ferrite phase, the macroscopic
residual stress measured using the split ring test showed a reduction in the stress
in the lean duplex TRIP steel alloy as compared to its TRIP counterpart processed
using the deep-drawing operation at an identical drawing ratio [34]. It suggests that
the change in constituent phases is significantly correlated to the improvement in
formability of TRIP-assisted steel alloys. The ferrite phase interplaying with
metastable austenite phase and strain-induced martensite phases could contribute
to the phase-specific stress partitioning and thus influence on the phase-specific
residual stress concentration [35, 36]. As described earlier, varying the stress
partitioning between constituent phases also could result in the change in stress
in austenite phase and thereby martensitic phase transformation kinetics.
1.2.2 Crystallographic texture
In general, the amount of strain-induced martensite phase affects the mechanical
properties of TRIP-assisted steel alloys as well as the failure mechanism [20]. Also,
the phase-specific stress portioning behavior is correlated to the strain-induced
martensite phase fraction controlled by the martensitic phase transformation
kinetics due to the changes in the proportion of constituent phases. It is well known
that the change in martensitic phase transformation kinetics following
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crystallographic variant selection is controlled by the texture in austenite phase,
thus resulting in the different amount of strain-induced martensite phase [16, 19,
37].
Furthermore, the crystallographic texture plays an important role in the plastic
anisotropy, which could further the heterogeneous plastic deformation during
sheet-metal forming process. Also, the development of textures in constituent
phases is generally influenced by the constraint effect between phases and phase
transformation owing to the orientation relationship and the selective phase
transformation mechanism [37]. Therefore, the plastic anisotropy is generated not
only from the crystallographic texture but also from the phase transformation
kinetics. Subsequently, the macroscopic stress localization, caused by the
heterogeneous plastic deformation due to plastic anisotropy, could be associated
with the phase-specific stress concentration, resulting in cracking and worsening
of the formability.
1.2.3 Objectives
In the current study, we are aiming at investigating the correlation of the
microstructure and its evolution to the cracking phenomenon and formability of
TRIP-assisted steel alloys. The complicated interplay of martensitic phase
transformation kinetics, constituent phases, and crystallographic texture is studied
and connected to the phase-specific stress partitioning behavior as well as the
phase-specific residual stress concentration, which is considered as the key factor
contributing on the cracking phenomenon. Four stainless steel (SS) alloys were
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used in this study to provide the variables in stability in austenite phase and
constituent phases, i.e. (1) a TRIP SS, (2) a stable austenitic SS (stable
counterpart of (1)), (3) a lean duplex TRIP SS, and (4) a lean duplex stable SS
(stable counterpart of (3)).
The main objectives are as follows:
1. On the effects of microstructure, including transformation kinetics, constituent
phases, and crystallographic texture, on phase-specific tensile stress partitioning
in SS alloy plates:
(1) To study the macroscopic tensile behaviors and plastic anisotropy of all
SS alloys using uniaxial tension at ambient temperature.
(2) To analyze the lattice strain evolution to study the micromechanical
tensile behavior and phase-specific stress partitioning during uniaxial tension, and
understand the effect of martensitic phase transformation and constituent phases
on this phase-specific stress partitioning behavior and thereby on the phasespecific residual stress concentration.
(3) To understand the effect of crystallographic texture and its evolution on
plastic anisotropy and martensitic phase transformation kinetics, and to investigate
the correlation of plastic anisotropy and martensitic phase transformation kinetics
to the phase-specific residual stress concentration in alloy plates.
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2. On the phase-specific residual stress partitioning and cracking behavior in deepdrawn SS alloy cups
(1) To study the formability of all SS alloys using deep-drawing process at
ambient temperature.
(2) To analyze the distribution of strain-induced martensite phase fraction
and texture developed in the deep-drawn SS alloy cups, and to correlate them to
the phase-specific residual stresses generated in the deep-drawn SS alloy cups.
(3) To understand the effect of martensitic phase transformation kinetics,
constituent phases, and texture on the phase-specific residual stress partitioning
behavior in deep-drawn SS alloy cups.
The current study provides a basic understanding of underlying mechanisms
responsible for cracking phenomenon and formability in TRIP-assisted steel alloys
during sheet-metal forming processes. Therefore, this work could further enhance
the possibilities to improve the formability of high-strength TRIP-assisted steel
alloys and facilitate their broad industry applications.
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CHAPTER 2 Literature Review
2.1 Alloying and microstructure in stainless steel alloy
2.1.1 Effect of alloying elements on microstructure
Stainless steel alloys are the most extensively used structural materials based on
the development of iron-chromium (Fe-Cr) alloy system. Ferrite, austenite, and
martensite are primary microstructures in stainless steel alloys. The austenitic
stainless steel can be generated using the austenite stabilizers, such as Ni, C, and
N. Moreover, the stainless steel alloys always contain at least 10.5 wt.% Cr to
improve the corrosion resistance through forming a thin film consisting of
chromium oxide. There has been extensive efforts to develop the austenitic
stainless steel alloys for the requirements of high strength and good ductility in
steel alloys using optimal heat treatment process and alloying elements. For
example, the transformation-induced plasticity (TRIP) stainless steel alloys have
been developed by introducing Mn and lowing Ni as the stacking fault energy
decreases. In general, TRIP stainless steel alloys exhibit high strength and good
ductility due to the strain-induced martensite phase generated from martensitic
phase transformation prevents dislocation movement and delays the onset of
necking. Therefore, TRIP stainless steel alloys associated with high-energy
absorption become the good candidate in sheet-metal forming process for the
application of automotive industry.
Another important modern stainless steel alloy is duplex stainless steel alloy
consisting of austenite phase and ferrite phase. This alloy shows a good
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mechanical properties and corrosion resistance due to the combinational benefits
of austenite phase and ferrite phase. Therefore, the increase attention has been
paid on the development of duplex stainless steel alloys by balancing the alloying
elements for broad structural applications. For example, the lean duplex TRIP
stainless steel alloys have been developed to reduce the cost of austenitic
stainless steel alloy using cheaper alloying elements instead of expansive Ni. It
has been reported that the lean duplex TRIP stainless steel alloy is a good
candidate to replace some austenitic stainless steel alloys, such as 304L and 304L
austenitic stainless steel alloys, because of its comparable mechanical properties
and lower price as compared to austenitic stainless steel alloys.
In general, the equilibrium phase diagram based on the ternary Cr-Fe-Ni system
is mostly used as a criterion to design the phase and microstructure in stainless
steel alloys [38, 39]. However, other alloying elements, such as C, N, Mn, Mo, Si,
Cu, etc., are usually involved in stainless steel alloys and contribute on the
development of phase and microstructure [40]. To identify the effect of other
alloying elements on the phase and microstructure, empirical equations, based on
nickel and chromium equivalents, have been developed, in Equation 2.1 and
accordingly the Cr-Fe-Ni equilibrium diagram has been created, as shown in
Figure 2.1 [41, 42].
𝑁𝑖 𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡 (𝑤𝑡. %) = %𝑁𝑖 + %𝐶𝑜 + 0.5%𝑀𝑛 + 30%𝐶
+0.3% 𝐶𝑢 + 25% 𝑁
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(2.1)

𝐶𝑟 𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡 (𝑤𝑡. %) = %𝐶𝑟 + 2.0%𝑆𝑖 + 1.5%𝑀𝑜 + 5%𝑉 + 5.5%𝐴l
+1.75%𝑁𝑏 + 1.5%𝑇𝑖 + 0.75%𝑊
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(2.2)

Figure 2.1 Concentration profiles in the ternary Fe-Cr-Ni constitution diagram at
70% and 60% Fe [43].

11

In the view of the Cr-Fe-Ni equilibrium diagram and the formulae of those two
equivalent numbers, those alloying additions act as different roles for phase
balancing in stainless steels. The main reason, as mentioned above, of adding Cr
to steel is to form a passive oxy-hydroxide film with the concentration of Cr for a
good resistance to general corrosion. Usually, the content of Cr in stainless steel
is in the range of 16 wt.% to 26 wt.% since the formation of intermetallic phase,
such as sigma phase (FeCr), is enhanced by higher level of Cr [44]. This
intermetallic phase is harmful for mechanical properties by reducing the ductility
and corrosion resistance. In addition, Cr is a stabilizer for ferrite phase (α-δ Fe),
but not for austenite phase (γ Fe) as Cr dissolves to bcc iron as all proportions to
form a stable bcc solid solution [45].
As opposite role of Cr for stabling ferrite, Ni is to prefer to dissolve in fcc iron, so
that Ni is a main element to maintain the austenite phase. For instance, 316L
austenitic stainless steel contains 10.0 to 12.0 wt.% to balance the effect of Cr on
phase for maintaining the fully austenite phase [46]. While in order to maintain a
comparable amount of ferrite phase, for example, 5.5 to 8.5 wt.% of Ni need to be
added in the S32404 lean duplex stainless steel, which is composed of austenite
and ferrite [47]. Moreover, excessive content of Ni in stainless steels leads to the
enrichment of Cr and Mo in ferrite phase, therefore enhancing the formation of
brittle intermetallic compound, such as sigma phase [48].
To improve the pitting and corrosion resistance of stainless steel with respect to
chloride solutions, Mo needs to be added in stainless steels [49]. From the Eq. 2.2,
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it can be found that Mo has a similar effect on ferrite stability as Cr. The range of
addition of Mo is between 3.0 wt.% to about 4.0 wt.%. Higher level of Mo can
promote the formation of sigma phase during hot working (above 1000 oC) and the
reduction of the solid solubility of carbon to enhance the precipitation of carbide
[47].
The effect of Mn on phase stability is still in conflict [50]. In most cases of stainless
steels, Mn is treated as an austenite stabilizer, as shown in Eq. 2.1, while there
have been some evidences that Mn enhances the formation and stability of ferrite
[51]. However, Hull et al. [52] proposed that the influence of Mn on phase stability
varies as its content. In high content of Mn, it behaves as ferrite stabilizer, while in
low content of Mn, it tends to stabilize austenite phase. Nevertheless, the effect of
Mn is little on balancing phase, as studied by Onozuka et al. [53]. The advantage
of Mn addition is to improve wear and pitting resistance and tensile properties since
the solid solubility of N is increased by adding Mn [43].
C and N are austenite stabilizer and encourage the formation of austenite [40]. The
introduction of C and N also strengthens austenite and ferrite due to solid solution
strengthening by dissolving C and N atoms at interstitial sites [54]. The content of
C may contain up to 0.15 wt.% and 0.03 wt.% in austenitic stainless steels and
duplex stainless steels, respectively. The limitations are considered to prevent the
formation of carbide precipitations, such as M23C6 and M7C3, which reduce the
intergranular corrosion resistance and ductility by acting as initiation sites of
cracking [55]. On the other hand, by introducing N, the improvement of pitting and
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corrosion resistances is achieved [56]. Furthermore, N is good at suppressing the
formation of intermetallic phases in stainless steels by reducing the segregation of
Cr. Despite this, much N can enhance the nitride precipitation, such as Cr2N. For
instance, the content of N in 300 series grade austenitic stainless steels is less
than 0.15 wt.% [43].
Silicon (Si) is beneficial for pitting and stress corrosion resistances, but if it is added
more than 1.0 wt.%, it is deleterious due to enhance sigma phase formation [57,
58]. The addition of Cu also improves corrosion resistance, while higher content of
Cu can lead to the reduction of ductility by forming Cu-rich precipitation [59].
2.1.2 Effect of temperature on phase balance
The microstructure of a stainless steel, beside the influence of chemical
composition, is also controlled by the annealing temperature. Hence, wrought
austenitic and duplex stainless steels usually are subjected to isothermal or
anisothermal resolution heat treatment to optimize the following microstructure.
For instance, the effects of annealing temperature (600 oC to 850 oC) and time
(upon 900 hours) on microstructure in 316 austenitic stainless steel were
investigated by White and Le May [60]. The results are summarized in Figure 2.2.
They proposed that carbide formation was promoted in relative low temperature
and preceded the formation of ferrite and sigma. At the temperature range between
600 °C and 850 °C with annealing for 900 hours, the ferrite became stable.
Additionally, the single austenite phase was obtained when the annealing
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Figure 2.2 Observation summary of carbides, ferrite, and sigma in Type 316 steel
[60].
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temperature upon 950 oC for at last 350 hours. And the sigma phase was
encouraged to form in the temperature range of 750 oC to 850 oC. Figure 2.3
presents a time-temperature transformation (TTT) diagram of variant duplex
stainless steels as a function of the annealing temperature range from 0 °C to 1050
°C associated with time variation of 0 to 100 hours [43]. As shown in Figure 2.3,
different duplex stainless steels classified by different mechanical properties can
be predicted through the controls of temperature and time for annealing. For
instance, to prevent the formation of intermetallic phase in S32304 duplex stainless
steel, it required a solution annealing temperature of 1000 oC because the
precipitation is observed at temperature below 900 oC for 10 hours.
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Figure 2.3 TTT diagrams of duplex stainless steels derived by optical
metallography between 600 and 1050°C and hardness measurements between
300 and 600°C.
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In addition to TTT diagram for the prediction of microstructure and phase balance,
the ferrite potential (FP) and ferrite factor (FF), which was proposed by Wolf et al.
[61] and Kaltenhauser [62], are often used to describe the amount of austenite and
ferrite after solidification. The FP is calculated based on the Cr-Fe-Ni equilibrium
diagram using nickel and chromium equivalents, as the following equations.

𝑃𝐹 = 5.26 (0.74 −

𝑁𝑖𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡
)
𝐶𝑟𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡

(2.3)

𝑁𝑖𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡 = %𝑁𝑖 + 0.31%𝑀𝑛 + 22%𝐶 + 14.2%𝑁 + %𝐶𝑢

(2.4)

𝐶𝑟𝑒𝑞𝑢𝑖𝑣𝑎𝑙𝑒𝑛𝑡 = %𝐶𝑟 + 1.5%𝑆𝑖 + 1.4%𝑀𝑜 + 3%𝑇𝑖 + 2%𝑁𝑏

(2.5)

The lower PF (less than 3.5) usually promotes the formation of austenite phase
and suppresses grain growth of ferrite phase so that stainless steel has a fine grain
microstructure, subsequently, higher strength. The FF, which is defined by the
Eq.2.6, is used to evaluate the amount of austenite phase at high temperatures.
𝐹𝐹 = 𝐶𝑟 + 6%𝑆𝑖 + 8%𝑇𝑖 + 4%𝑀𝑜 + 2%𝐴𝑙 + 4%𝑁𝑏
−40%(𝐶 + 𝑁) − 2% 𝑀𝑛 − 4%𝑁𝑖

(2.6)

High values of FF indicate more austenite could be present at high temperature.
In addition, both the FP and the FF are employed to assess the susceptibility of
cracking in ingots.
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2.2 Martensitic Phase Transformation
2.2.1 Mechanism of the martensitic phase transformation
The phase transformation of austenite to ε- or α’ martensite can be resulted from
diffusionless shear process in steels with low alloyed austenite phase with cooling
at or below the martensite start temperature (Ms). This transformation process is
defined as diffusionless transformation, which is described as any transformation
in which atomic movements are less than one interatomic spacing [63]. Hence, in
general, fast cooling or heating rate is required to prevent the diffusional movement
of atoms in diffusionless transformation process. Here, the mechanisms of
martensite nucleation and growth will be introduced separately.
According to the theory of thermodynamics, the following equation could provide
the driving force for the nucleation of martensite,

𝛥𝐺 𝛾→𝛼′ = Δ𝐻 𝛾→𝛼′

(𝑇0 − 𝑀𝑠 )
𝑇0

(2.7)

where 𝛥𝐺 𝛾→𝛼′ is the difference of free energy between γ austenite and α’
martensite, Δ𝐻 𝛾→𝛼′ is the enthalpy difference between γ austenite and α’
martensite, 𝑇0 is the equilibrium temperature for austenite and martensite phases,
and 𝑀𝑠 is the martensite start temperature [63]. Hence, the energy barrier for
martensitic phase transformation can be overcame by large free energy difference
when the cooling rate is large enough, subsequently, transformation from austenite
to martensite is promoted. The energy barrier is related to the interfacial free
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energy (surface energy), and the strain energy. However, considering the small
value of surface energy, the strain energy for martensite nucleation is more
important than the surface energy. The schematic representation of a martensite
nucleus is shown in Figure 2.4 [63]. Based on this geometry and Gibbs free energy
equation of a system, the energy barrier for martensite nucleation can be described
by the following equations:
𝛥𝐺 = 𝐴𝛾 + 𝑉𝛥𝐺𝑠 − 𝑉𝛥𝐺𝑣
𝑠 2 2(2 − 𝜈)
2𝜇𝑉 (2)
𝜋𝑐 4
8(1 − 𝜈)
2
𝛥𝐺 = 2𝜋𝑎 𝛾 +
− 𝜋𝑎2 𝑐 ∙ 𝛥𝐺𝑣
𝑎
3

(2.8)

(2.9)

where 𝛾 is the coherent interfacial energy, 𝜇 is the shear modulus of austenite, 𝑠
is the shear strain, 𝜈 is the Poisson ratio of austenite, 𝛥𝐺𝑣 is the volume free
energy release, 𝑉 is the volume of the martensite nucleus, and 𝑎 and 𝑐 are shown
in the Figure 2.4 as radius and half-thickness before and after shear strain.
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Figure 2.4 Schematic representation of a martensite nucleus [63].
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Moreover, the martensite nucleation indeed is affected by dislocations. The
formation of bcc structure from fcc structure by the movement of <112> partial
dislocations during twinning was investigated by Zenner [64], as shown the
schematic diagrams in Figure 2.5. The twinning dislocation,

𝑎
6

[2̅11] , can be

induced by the dissociation of a perfect dislocation into two partial dislocations, as
shown in the following equations:
𝑎
𝑎
𝑎
[110] = [2̅11] + [1̅21̅]
2
6
6

(2.10)

𝑎

It requires a movement of atoms by 12 [2̅11] to form the bcc crystal structure from
the fcc crystal structure. Brooks et al. [65] also proposed that the pile-ups of
dislocations, in which the partial dislocations are accumulated, promote the
nucleation of martensite. Considering the hcp structure ε-martensite forming from
the fcc structure γ-austenite, Venables [66] suggested one transformation model
to explain the transformation from fcc structure to hcp structure, as shown in Figure
2.6. Depending on the overlapping of stacking faults on successive {111} planes,
twins can form. Thus, the ε-martensite structure thickens if inhomogeneous halftwinning shears on alternative {111} planes. This transformation region in
deformed 17%Cr-8%Ni stainless steel was observed as shown in Figure 2.7 [63],
which verified the dislocation-assisted martensite transformation according to
Venables model. Furthermore, Kelly [67] found that the ε-martensite was
generated on the overlapping of stacking faults in Mn-Cr-Ni steel with quenching
to -196 oC. There have been extensive efforts to investigate the sits of α’ martensite
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Figure 2.5 Zener’s model of the generation of two-atom-thick martensite by a halftwinning shear [63].

23

Figure 2.6 Venables’ model for the 𝛾 → 𝜀 ′ → 𝛼 ′ transformation in stainless steel.
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Figure 2.7 Dislocation-assisted martensite transformation in a physically deformed
17%Cr-8%Ni stainless steel [63].
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formation since several decades ago. For example, there were evidences studied
by TEM that the interactions of the ε-martensite, which acted as the sites of
nucleation of α’-martensite, promote the formation of α’-martensite, as shown in
Figure 2.8 [68]. Therefore, the transformation route, 𝛾 → 𝜀′ → 𝛼′ , in which α’
martensite forms via intermediate ε’ martensite, was suggested and generally
accepted. Figure 2.9 present the schematic model for bcc structure formation from
an hcp structure [63]. It is thus seen that the generation and movement of
dislocations can directly induce the martensitic phase transformation. It is well
known that the generation and movement of extended dislocations are related to
stress/strain field, so that the martensitic phase transformation also can occur by
the help of stress or strain at the temperature above 𝑀𝑠 , i.e. stress-induced or
stain-induced martensitic phase transformation. The interaction provided from
strain field associated with dislocations can be a favorable site of martensite
nucleation, thus the dislocation interaction energy can contribute to reduce the
energy barrier to promote formation of nuclei. Hence, the total energy barrier of
martensite nucleation in Eq.2.8 can be modified by subtracting the dislocation
interaction energy, as shown in the following equation:
𝛥𝐺 = 𝐴𝛾 + 𝑉𝛥𝐺𝑠 − 𝑉Δ𝐺𝑣 − 𝛥𝐺𝑑

(2.11)

𝛥𝐺𝑑 = 2𝜇𝑠𝜋 ∙ 𝑎𝑐 ∙ 𝑏

(2.12)

where 𝒃 is the Burges vector of the dislocation, and 𝑠 is the shear strain.
Subsequently, Eq.2.9 can be rewritten as:
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Figure 2.8 Mn-Cr-Ni steel quenched to 196°C showing a number of large 𝜀-bands
(B) containing 𝛼-martensite laths. The positions of these laths are indicated by the
large arrows and projected width of the 𝛼-martensite habit plane interface is visible
at A [68].
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Figure 2.9 Schematic model for bcc structure formation from an hcp structure [63].
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𝑠 2 2(2 − 𝜈)
2𝜇𝑉 (2)
𝜋𝑐 4
8(1 − 𝜈)
𝛥𝐺 = 2𝜋𝑎2 𝛾 +
− 𝜋𝑎2 𝑐 ∙ 𝛥𝐺𝑣 − 2𝜇𝑠𝜋 ∙ 𝑎𝑐 ∙ 𝑏
𝑎
3

(2.13)

As mentioned above, the shear stress or strain is critical for martensitic phase
transformation by the aid of dislocations. Hence, the martensite start temperature
(𝑀𝑠 ) can be increase to another martensite start temperature ( 𝑀𝑑 ), which is
associated with plastic strain or stress, when there is the one component of applied
stress or strain parallel to the shear deformation. 𝑀𝑑 can vary from the temperature
range of the start martensite temperature (𝑀𝑠 ) to the equilibrium temperature (𝑇0 )
between austenite and martensite.
After the energy barrier of martensite nucleation has been exceeded, martensite
will grow with a very high speed until it encounters an obstacle, such as high angle
grain boundary. In general, two main morphologies of martensite growth are
presented as lath and plate martensite. In the case of growth of lath martensite, it
has been postulated that transformation dislocations, which induced by martensitic
phase transformation due to the mismatch between the bct and fcc lattices, could
be promoted to nucleate by itself at the lath surface. In order to reach this
dislocation nucleation, the stresses have to overcome the strength of the material.
Hence, Eshelby [69] suggested a model for the growth of lath martensite based on
a geometry of ellipsoidal with 𝑎 ≫ 𝑐 . At the surface between martensite and
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austenite, the maximum shear stress, 𝜎, induced by phase transformation is given
as the following equation:

𝜎≅

2𝜇𝑠𝑐
𝑎

(2.14)

where 𝜇 is the austenite shear modulus, and 𝑠 is the shear strain. It can be found
that the maximum shear stress depends on the martensite shape. On the other
hand, the martensite formed in high stacking fault energy (SFE) or lower 𝑀𝑠
temperature usually is the plate-like morphology with more retained austenite. Due
to twinning in this case can easily be produced, plate martensite is often related to
and promoted by twinning. To minimize the mismatch between martensite and
austenite in a plate-like morphology, there has been found that a (522)𝛾 habit
plane, which is related to twinning, can be the interface between martensite and
austenite.
As regard to the mechanism of strain-induced martensitic phase transformation
and martensite growth at temperature range of 𝑀𝑠 to 𝑀𝑑 , a model, which contains
the interactions and relationships among shear bands, plastic strains, martensite
formation, has been suggested by Olson and Cohen. The equations of OlsonCohen model are shown as following:
𝑓 𝛼′ = 1 − 𝑒𝑥𝑝(−𝛽(1 − 𝑒 −𝛼𝜀 ))

𝑛

(2.15)

where 𝑓 𝛼′ is the volume fraction of 𝛼′ martensite, 𝛽 is a constant related to the
volumes of 𝛼′ martensite and shear band, 𝛼 is a constant related to stacking fault
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energy and strain rate, 𝜀 is the plastic strain, and 𝑛 is a constant, which can be
derived from the following equation:
𝑁𝑣𝐼 = 𝐾(𝑁𝑣𝑠𝑏 )𝑛

(2.16)

where 𝑁𝑣𝐼 is the number of shear band intersections, 𝐾 is a constant number, and
𝑁𝑣𝑠𝑏 is the number of shear bands.
In addition, it is worth to note that martensitic phase transformation is a deformation
mechanism, and thus in some low SFE material it competes with the deformation
mechanism of twinning and slipping.
2.2.2 Orientation relationship
To complete the transformation from fcc crystal structure to bct/bcc crystal
structure, Bain proposed one transformation model in which the bct structure can
be obtained from fcc structure with the minimum of strain and atomic movement.
In the Bain model, the z direction has to be compressed by 20% and x and y
directions has to be extended by 12%. According to Bain model, the orientation
relationship can be obtained as following:
(111)𝛾 //(110)𝛼′
[1̅01]𝛾 //[1̅1̅1]𝛼′
[11̅0]𝛾 //[100]𝛼′
[112̅]𝛾 //[011̅]𝛼′
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Furthermore, there has been observed that an undeformed plane, or called habit
plane exists and is not distorted during phase transformation. However, this
observation does not geometrically agree with the Bain model in which there is no
an undistorted plane. Hence, in efforts to account for the habit plane during
martensitic phase transformation, an extra deformation on the Bain model has to
be added. As mentioned above, the dislocation slip or twinning can provide the
additional deformation and thus influence the nucleation of martensite. Applying
slip or twinning to the Bain model, the lattice distortion caused by Bian model can
be compensated by the shear deformation. In the crystallographic theory, it is
postulated that dislocation slip or twinning present in {112̅}〈111〉 system in 𝛼
martensite, which is corresponding to {110}〈11̅0〉 system in 𝛾 austenite.
In addition, there are two main orientation relationship between parent phase and
transformed phase, which are generally accepted, i.e. Kurdjumov-Sachs (KS)
relation

( [1̅01]𝛾 //[1̅1̅1]𝛼′ ) and Nishiyama-Wasserman

(NW)

relation (

[11̅0]𝛾 //[101]𝛼′ ). These orientation relationships were obtained from the
experimental observation. The experimental observation of orientation relationship
between austenite and martensite presents (111)𝛾 is almost parallel to(110)𝛼′
with an error of 5o angles. This real orientation relationship varies between KS
relation and NW relation. Moreover, Kurml et al. [70] observed that the martensite
and austenite show the following orientation relationship:
(111)𝛾 //(0001)𝜀 //(110)𝛼′
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(110)𝛾 //(2110)𝜀 //(111)𝛼′
2.2.3 Stacking fault energy
The stacking sequence of atoms in {111} plane of fcc crystal structure is ABCABC.
Slip, which usually dissociates into two partial dislocations as discussed above,
exists on the {111} plane and in the <110> direction of the fcc structure. As a result,
the dissociation of slip creates a stacking fault ABCAC|ABC in the {111} plane
stacking sequence. For example, if one layer is shifted by slip to ACAC in certain
region. It can result in a hcp crystal structure with the ACAC type stacking. Hence,
stacking fault can promote the formation of hcp phase in fcc phase in a certain
region. The stacking fault energy (SFE), which can represent the tendency for
forming stacking faults is defined as the measure of the distance between the
partial dislocations.
The SFE is an important factor to determine the deformation mode, i.e. phase
transformation, twinning, and slip of dislocations, of austenitic stainless steels.
According to previous studies, the martensitic phase transformation from austenite
is favorable in the low SFE (<20 mJ/m2) and leads to phase transformation induced
plasticity (TRIP) mechanism in austenitic steels. Middle SFE (20-45 mJ/m2)
promotes the twinning induced plasticity (TWIP) during deformation by the
formation of twinning in austenite. In the low and middle SFE stainless steel alloys,
the cross slip and dislocation climb is prevented since the extend screw
dislocations cannot cross slip without the perfect dislocation combined by partial
dislocations. And high SFE (>45 mJ/m2) impedes the dissociation of perfect
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dislocations into partial dislocations and thus the deformation mechanism of
deformation is dominated by dislocation slipping. Subsequently, the difference of
SFE in stainless steel leads to the different type of deformed textures in austenite
due to the influence of deformation mechanism on the development of texture.
It is discussed above that the formation of 𝛼′ martensite strongly connects to the
intersections of planar deformation structures, such as shear bands, twins, or 𝜀
martensite, which is depended on the SFE. Hence, the stability of austenite can
be varied by its SFE. The SFE of stainless steels is mainly dependent on the
chemical compositions and temperature. There have been a number of efforts to
investigate the effects of chemical elements on the stability of austenite. Talonen
et al. [71], for example, has suggested that the strain-induced martensitic phase
transformation is affected more by SFE than the driving force, 𝛥𝐺 𝛾→𝛼′ .
To understand the effect of composition in stainless steel on SFE, several
empirical equations have been proposed for the SFE calculation from the chemical
elements. One of them is presented as following equation [72]:
𝑆𝐹𝐸 (𝑚𝐽⁄𝑚2 ) = −25.7 + 2%𝑁𝑖 + 410%𝐶 − 0.9%𝐶𝑟 − 77%𝑁 − 13%𝑆𝑖 − 1.2%𝑀𝑛
(2.17)
Nevertheless, the interaction among alloying elements is not involved in this
empirical equation. As regard this shortcoming, Dai et al. [73] suggested an
expression considering the interaction of alloying elements. The equation is given
as:
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𝑆𝐹𝐸𝛾 300 (𝑚𝐽⁄𝑚2 ) = 𝛾 0 + 1.59%𝑁𝑖 − 1.34%𝑀𝑛 + 0.06𝑀𝑛2 − 1.75%𝐶𝑟 + 0.01%𝐶𝑟 2
+15.12%𝑀𝑜 − 5.59%𝑆𝑖 − 60.69(%𝐶 + 1.2%𝑁)0.5 + 0.61[%𝑁𝑖(%𝐶𝑟 + %𝑀𝑛)]0.5
+26.27(%𝐶 + 1.2%𝑁)(%𝐶𝑟 + %𝑀𝑛 + %𝑀𝑜)0.5

(2.18)

where 𝛾 300 is the value of SFE at ambient temperature and 𝛾 0 is the value of SFE
of pure austenitic iron at ambient temperature. The drawback of those empirical
equations is their limited data source. For instance, in the case of the Fe 66Ni14Cr20
alloy, the SFE is increased as the decreasing of spin moment, suggesting that it is
sensitive to the magnetic moment in this alloy. Hence, computational
thermodynamics based on the quantum mechanical first-principles method have
been developed to study the SFE in stainless steels. Also, to complement the
results calculated by modelling, TEM can be used to measure the SFE
experimentally.
Besides the effect of alloying elements on SFE, the temperature also plays an
important role on SFE. In general, the increasing of temperature leads to the
increase of SFE due to the reduction of widths of dislocations by high temperature.
2.2.4 Factors affecting the martensitic phase transformation
Factors like alloying elements, stress fields, strain rate, grain size, austenite
texture, hydrogen contents, magnetic field, etc. can affect the martensitic phase
transformation in a metastable austenitic stainless steel.
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As discussed in section 2.3.3, it has been known that the SFE of austenite strongly
depends on the alloying elements and temperature, therefore these two factors
indeed can influence the martensitic phase transformation in a metastable
austenite phase. Beside the development of empirical equations related chemical
composition to SFE, several empirical equations have been developed to correlate
the alloying elements in solution to the 𝑀𝑠 and 𝑀𝑑 temperatures:
𝑀𝑠 (𝛼 ′ ) = 1305 − 61.1%𝑁𝑖 − 41.7%𝐶𝑟 − 33.3%𝑀𝑛 − 27.8%𝑆𝑖 − 1667%(𝐶 + 𝑁)
(2.19)
𝑀𝑑 (𝛼 ′ )(30⁄50) = 413 − 9.5%𝑁𝑖 − 13.7%𝐶𝑟 − 8.1%𝑀n
−9.2%𝑆𝑖 − 18.5%𝑀𝑜 − 462%(𝐶 + 𝑁)

(2.20)

where 𝑀𝑑 (𝛼 ′ )(30⁄50) is the temperature at which 50% 𝛼 ′ martensite has been
formed after 30% tensile true strain. Bowkett [74] investigated the influences of
content of Ni and cold working on the amount of 𝛼 ′ martensite formed in 18Cr-8Ni,
type 321 and 18Cr-12Ni austenitic steels at room temperature, suggesting that the
content of strain-induced 𝛼 ′ martensite decreases with the increase of Ni.
The effect of deformation mode, such as tension, compression, and torsion, on the
martensitic phase transformation behavior in austenitic steels has been confirmed
by serval studies. For example, Han et al. [75] investigated the change of 𝑀𝑠
temperature by different deformation modes, i.e. uniaxial tension, uniaxial
compression, and hydrostatic compression, in Fe-0.5 wt.% C-20 wt.% Ni and Fe-
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30 wt.% Ni through comparing between calculated results and experimental data.
The results show that 𝑀𝑠 temperature increases as increasing of external stresses
in tension and compression, while decreases with increasing of stresses in
hydrostatic compression. It thus suggests that the deformation mode has a strong
influence on the martensitic phase transformation.
Furthermore, a lot of studies have proposed that strain rate affects the martensite
transformation through adiabatic heating. Han et al. [75] shows the mechanically
induced martensite phase fraction as a function of true strain with varied strain rate
base on modeling and experiments. It has been found that the volume fraction of
martensite at a given true strain decreases markedly as the increase of strain rate.
The temperature rise during deformation is as a result of the plastic deformation
and the phase transformation. The change of temperature during deformation
increases with the strain rate. Therefore, as the strain rate increases, the tendency
of formation of shear bands is reduced due to elevated temperature.
The grain size of austenite has also been reported to influence the formation of
martensite. Raman et al. [76] reported that coarser austenite grains can induce
more amount of 𝛼′ martensite. One acceptable interpretation is the refinement of
the austenite grain size results the Hall–Petch strengthening of austenite, thus
leading it difficult for martensite transformation. Moreover, a high angle grain
boundary can act as an effective barrier to prevent the growth of martensite as it
depends on the coherency of surrounding austenite. There have been efforts to
study the relationship between austenite grain size and 𝑀𝑠 temperature. A study
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of a series of low-alloyed steels was produced by Yang et al. [77] shows that the
increase of 𝑀𝑠 temperature is induced by the increase of austenite grains size, and
it reaches a saturation level of the temperature around 340 oC. The reduction of
𝑀𝑠 temperature is required with a higher driving force for martensite to form due to
a stronger austenite of finer grains. Addition to this, the finer grain lead to a higher
aspect ratio of martensite, therefore, increasing the stored energy and the driving
force as well.
In terms of the texture relation between the parent and the product phases, the
phase transformation in metastable austenitic SS is postulated to follow the KS
relationship which offers 24 variants. However, Kireeva et al. [78] and Humbert et
al. [37] have demonstrated that the martensitic phase transformation is orientationdependence. In the other words, not all the variants are favored in this mechanism
that leads to the various variant selection studies. Humbert et al. [37] studied the
variant selection of martensitic phase transformation using EBSD on a local texture
analysis. As shown in Figure 2.10, the theoretical martensite orientations around
(0°, 45°, 0°) represented by plain dots in the theoretical (1 0 0) PF (Figure 2.10(c))
are not present in the experimental (1 0 0) PF (Figure 2.10(b)). In another study,
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Figure 2.10 Characteristic pole figures after 10% strain at T = −60 °C and
corresponding to: (a) experimental γ grain orientations belonging to the Cube
component {1 0 0}<1 0 0>, (b) experimental α’ martensitic orientations formed in
those γ grains, (c) α’ martensitic orientations simulated without variant selection
from those γ grains, (d) α’ martensitic orientations simulated with variant selection
from those γ grains.
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Hedstrom et al. [79] conduced in-situ martensite transformation from 𝛾 to 𝜀 by xray diffraction. The orientation dependence of slipping deformation prior to the
martensite transformation leads to the occurrence of phase transformation in
specific orientations of {111}<121> with highest Schmid factor.
Beside those factors, hydrogen and magnetic field also influence the stability of
the austenite phase and martensite transformation in steels. According to the work
of Narita et al. [80], hydrogen-induced phase, i.e. γ to hydride γ* and ɛ*, proceeds
when austenite is charged by a large amount of hydrogen. Subsequently, the
formation of the hexagonal phase, ɛ*, promotes the nucleation of 𝛼′ martensite.
Additionally, the effect of magnetic field on the stability of austenite in steel was
investigated by Fukuda et al [81]. They suggested that due to both of 𝛾 austenite
and 𝜀 martensite are non-magnetic, the magnetic field will not affect the 𝛾 → 𝜀
phase transformation, but 𝛼′ martensite due to its magnetic actually can be
induced by a strong magnetic energy from the formed 𝜀 martensite.
2.2.5 Effect of α’ martensite on mechanical properties
The influence of 𝛼′ martensite on mechanical properties of stainless steel has
been investigated in a numerous of studies. In general, the presence of 𝛼′
martensite can enhance the strengthening in stainless steels. For instance, Deng
et al. [82] studied the effect of content of 𝛼′ martensite on strength and ductility of
dual phase steels, which contains ferrite and martensite. They observed that the
remarkable differences of strength and ductility for five steels, which varies the
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content of martensite from 0 to over 90 %, were obtained based on the tensile
testing data at room temperature. It is also found that the strength (yield strength
and ultimate tensile strength) of those dual phase steels is increasing along with
the increase of martensite phase fraction, but decreasing the ductility. It is a result
of the harder martensite phase and the load partitioning between martensite and
ferrite during deformation. In-situ synchrotron x-ray diffraction measurement was
conducted by Cong et al. [83] to investigate the load partitioning between
constituent phases. Their results indicate that the martensite bears a large portion
of load during loading and additionally provide a high work-hardening rate to
maintain high strength.
The martensitic phase transformation with the help of stress or strain occurs in
metastable austenite during deformation, and then it results in the transformation
induced plasticity (TRIP) effect on the mechanical properties. As the formation of
martensite phase during deformation, the austenite grain size is refined,
subsequently, enhancing the strength. Meanwhile, the martensite also acts as a
barrier to prevent the motion of dislocations and then lead the pile-up of
dislocations on the interfaces of austenite and martensite, which results in
increased strain hardening of retained austenite phase. Due to the high strain
hardening rate induced by martensitic phase transformation, the necking is
delayed so that elongation is maintained. In addition, the volume expansion occurs
when the transformation from austenite to martensite proceeds. The micro-voids
induced by localized stress can be refilled by the volume expansion of phase

41

transformation, which results in a delayed fracture. Hence, because of the TRIP
effect, the metastable austenitic stainless steels and TRIP-aid multiphase steels
exhibit excellent mechanical properties with the combination of high strength and
good ductility. However, it is worth to note that gradually induced martensitic phase
transformation is essential to promote strain hardening rate and ductility, otherwise
the rapid transformation would not improve the ductility due to higher amount of
hard BCC martensite in the early stage of deformation. There have been a lot of
works on TRIP steels to understand the mechanism of TRIP effect deeply under
tension, compression, and torsion. For instance, a systematic work has been done
by Angel et al. [84] to study the influence of temperature on the tensile behavior of
a metastable austenitic stainless steel (18/8 grade austenitic steel). They proposed
that the amount of transformed martensite is proportional to the strains, while
inverse proportional to the applied temperatures. The decreasing of temperature
also leads to an increase of martensitic transformation rate. Tao et al. [17]
investigated the stress partitioning between austenite and martensite during
uniaxial compression using high-energy x-ray diffraction. The existence of 𝛼′
martensite lead to an interaction between constituent phases, like the case of dual
phase steels, and the load is transferred from austenite to 𝛼′ martensite after
yielding. Hence, it can be found that the martensite plays an important role on the
strengthening via load partitioning. Furthermore, the texture evolution in the grade
304L stainless steel (metastable austenitic stainless steel) during torsional loading
was studied by Cakmak et al. [16]. They found the variant selection of orientations,
in which martensite prefers to form, is confirmed. It indicates that the textures of
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retained austenite and new-form martensite are a result of the combination of
dislocation glide and phase transformation. Consequently, the mechanical
properties of this material would be different to the stable austenitic stainless steel
due to texture. After the onset of strain-induced martensitic phase transformation,
the martensite develops its own deformation texture as the increasing of strains.
Moreover, the TRIP-assisted multi-phase steels, such as TRIP-assisted dualphase steels and TRIP-assisted duplex steels, are attracted attentions because of
the combination of benefits of austenite, martensite, and ferrite, such as high
corrosion resistance, high strength, and good ductility. Due to the austenite in
those steels is metastable, the beneficial TRIP phenomenon is induced during
deformation so that it also can provide high work hardening associated with high
strength. Tian et al. [85] conducted in-situ synchrotron x-ray diffraction during
uniaxial tensile loading to study the effect of applied strain on martensitic phase
transformation and the interaction between constituent phases in TRIP-assisted
duplex stainless steel. They found that the martensitic phase transformation
induced by plastic strain impact on the load partitioning between phases, in which
{111} and {220} lattice planes of austenite phase start to yield and transfer a certain
portion of load to martensite when the plastic deformation proceeds.

2.3 Crystallographic texture
Metals, which are crystalline in solid state, in general, exhibit the anisotropic
behaviors of mechanical and physical properties. Hence, in a polycrystalline
aggregate, individual grains may be different from their neighboring grains in the
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grain orientation, and thus the preferred crystallographic orientations, known as
texture, in grains lead to be anisotropic in properties. The orientation can be
changed during manufacturing processes, such as casting, annealing, rolling, etc.,
so that randomly distribution of grain orientation is hard to be achieved in
microstructure. In this section, the orientation changes that take place during
deformation will be discussed. It is as a result of which deformation of
polycrystalline aggregate preforms by slipping or twinning, which is orientationdependence.
The representation of crystallographic texture is by means of pole figures, inverse
pole figures, and orientation distribution functions (ODFs). The rolling textures are
often represented as being of {hkl}<uvw>, in which the plane normal of {hkl} is
parallel to the normal direction, ND, and the <uvw> is parallel to the rolling
direction, RD, of the sample. The pole figures are frequently used to represent
rolling textures since they can be directly obtained by using x-ray diffraction
technique. However, the texture information represented by pole figures is not
complete, and some information is missing due to the way of presenting texture.
Hence, nowadays, there is increasing use of ODFs, which give a more complete
description of texture in the Euler orientation space. The inverse pole figures are
usually used to explain the fibre textures which are formed during uniaxial loading,
such as tension, compression, and extrusion.
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2.3.1 Rolling texture in face centered cubic (FCC) metals
The deformation texture of FCC materials primarily depends on their SFE. It is
because that the deformation mode varies from twinning to slipping as increasing
of SFE. The FCC textures are classified into two main textures, i.e. pure metal
texture and alloy texture. The term of pure metal textures is defined as the textures
of metals with high SFE, such as aluminum with about 170 mJm-2 SFE and copper
with about 80 mJm-2 SFE. The slip mode with the {111}<110> slip systems is
predominate, thus ideal texture components related to the slip system are usually
observed in pole figures. For instance, the {111} and {100} pole figures of 95%
cold rolled aluminum studied by Grewen et al. [86]. The {112}<111>, {110}<112>,
and {123}<412> texture components are observed in the rolling texture of
aluminum. The ODFs of 𝜑2 sections are used to represent the texture of 95% cold
rolled aluminum. More detailed texture components can be seen in the ODFs. This
texture can be described by two fibre textures, i.e. α-fibre and β-fibre, which contain
{011}<100>, {110}<112>, and {110}<112>, {123}<634>, {112}<111>, respectively.
On the other hand, FCC metals with low SFE, such as 70:30 brass and austenitic
stainless steel with <25 mJm-2 SFE, develop a type of alloy texture after rolling
process. Comparing between pure metal texture and alloy texture, the α-fibre in
alloy texture is more pronounced. Additionally, two fibres (γ-fibre and tau-fibre) are
observed in the alloy texture. The materials with intermediate SFE (about 40 mJm 2)

usually develop the tau-fibre texture after rolling process. Texture transition

between pure metal texture and alloy texture occurs in the materials with
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intermediate SFE or by changing the temperature of deformation. There is an
evidence to which the texture transition is induced by increasing temperature in
304L austenitic stainless steel. It shows that as increase of temperature the rolling
texture varies from the type of alloy texture to the type of pure metal texture.
2.3.2 Rolling texture in body centered cubic (BCC) metals
The rolling textures in BCC metals are almost identical and largely independent of
solute additions and processing parameters. The effect of temperature on the
rolling texture of BCC materials is studied to be limited. The rolling texture of 90%
cold rolled low carbon steel is described in {200} pole figure. The prominent
components like {111}<112>, {111}<110>, {110}<011>, and {211}<011> are
composed in this pole figure. Due to a lot of important texture components in BCC
metals are involved in an ODF section of 𝜑2 = 45𝑜 , only this section is frequently
discussed to study the texture of BCC materials. It is well known that α-fibre texture
comprising <110> parallel to the rolling direction and γ-fibre texture composed of
<111> parallel to the normal direction are generally formed during deformation in
BCC materials. The texture of a cold rolled interstitial-free steel in ODF section of
𝜑2 = 45𝑜 . The α-fibre and γ-fibre are clearly presented with a stronger α-fibre
compared with γ-fibre.
2.3.3 Fiber texture
The deformation textures of metals subjected to uniaxial deforming process, like
tension, compression, wires or rods, extrusion, etc. usually develop the preferred

46

crystallographic orientations which are fibrous, known as fibre textures. The
inverse pole figures are often used to describe this type of textures. In general,
there has a difference of texture between surface and interior of material, which is
attributed to the friction at the surface. The deformation textures at surface are
more complex than that in interior. Also, it depends essentially on the crystal
structure and processing variables.
In FCC materials, a double fibre texture with <111> and <100> parallel to the
tensile or extruded axis is developed by tension or constrained tension. The
intensities are concentrated in two components, i.e. <111> and <100>. The relative
proportions of <111> and <100> components are primarily related to the SFE. The
fibre texture of AgCl polycrystals extruded at 77K composes <111> and <100>
components along the axis, whereas a higher concentration of <100> component
is developed compared to <111> component. Therefore, as the SFE increasing,
the amount of <100> component of fibre texture in FCC material is decreasing.
However, the deformation texture in FCC materials subjected to uniaxial
compression is different to those under tension or extrusion. It is attributed to the
fact that the plastic deformation is promoted by single slip so that the normal vector
of active slip plane is rotated toward the direction of uniaxial loading, whereas in
the case of tension the slip vector is rotated toward the axis of tensile loading.
Thus, the final orientations after tension is opposite to that after compression, i.e.
a fibre texture comprising of a strong <110> component and a scattering between
<110> and <113> tends to form in the case of uniaxial compression. The strong
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component around <110> assicated with a spread from <110> to <113> and
<112> in compression texture is observed. There is a weak <100> component in
this fibre texture as well, but <111> component is absent. For some FCC metals,
like CuAl alloys with low SFE, beside the predominant <110> and the scattering of
<110> to <113> components, a weak component around <111> develops instead
of <100>. The characters of this compression texture in FCC materials depend on
the SFE as well.
In BCC materials, the fibre texture is always <110> parallel to the axis of tension
or constrained tension. Compression texture is also different and almost opposite
to the case of tension or constrained tension in BCC materials. A double <111>
and <100> fibre texture can be developed in BCC metals, such as Fe or Si-ferrite,
subjected to compression. In general, the relative proportion of <111> component
compared with <100> component is always higher.
2.3.4 Factors influencing texture development
In addition to those described just, several factors, such as temperature, grain size,
second phase, etc., may have an effect on the development of the deformation
texture.
The temperature may affect the deformation texture including texture components
and intensities, and due to the annealing process induces different type of texture
to deformation, the deformation at high temperature may develop textures which
is affected by dynamic recrystallization. For instance, the effect of temperature on
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the development of rolling texture in two iron–silicon–(carbon) steels was
investigated by Atake et al [87]. Volume fraction of texture fibre components, i.e.
<111>//ND, <110>//ND, and <100>//ND, as a function of rolling temperature in
ultra-low carbon (ULC) steel and interstitial free (IF) steel under rolled and
recrystallized conditions, respectively, is present. In the rolled condition, <111>
and <100> parallel to ND components show an increase along with the increasing
of temperature, while <110>//ND component is declining slightly at elevated
temperature.
Grain size plays an important role in the development of microstructure and texture
during deformation. Barnett et al. [88] studied the influence of grain size on
deformation texture in wrought Mg–3Al–Zn alloys with average grain sizes of 3 μm
and 16 μm, respectively, by using electron backscatter diffraction (EBSD). The
inverse pole figures of Mg alloys with 3 μm and 16 μm grain sizes along the
extrusion axis indicate the coarse grains may tend to develop the extrusion texture
consisting of the primary component, which locates in between < 101̅0 > and <
21̅1̅0 >.

2.4 Deep drawing and the formability of high-strength steel alloy
Deep drawing operation as a sheet-metal forming process is used to shape the
products. It is one of the most important sheet-metal forming processes because
of its wide-spread use in industrial applications, especially in automotive industry.
In general, the plastic flow in the metal alloys during deep-drawing process is
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strongly influenced by the deep-drawing parameters, i.e. geometry of punch and
die, blank holding force, punch speed, clearance between punch and die, and
lubrication. Moreover, the temperature plays an important role in the deformation
behavior of material during the deep-drawing process. Most of deep-drawing
processes are used at ambient temperature on sheet metal alloys to form designed
shapes. The formability of metal alloys is examined using deep-drawing process
(Swift test) by manufacturing cylindrical cups.
In general, high tensile elongation, high strain-hardening rate, and low plastic
anisotropy in metal alloys are good for the deep-drawing process. For example,
low-carbon steel alloys are the most commonly used because of its low cost and
generally high tensile strength and ductility. Moreover, most recently developed
third-generation advanced high-strength steel alloys with high tensile strength and
elongation, such as the TRIP and/or TWIP steel alloys, have been developed to
meet the improved requirements on the broad applications in industry. However,
as describe earlier, the high-strength steel alloys usually exhibit the poor
formability during deep-drawing process at ambient temperature due to the
cracking phenomenon. It has been shown that the cracking phenomenon in highstrength steel alloys subjected to deep-drawing process is strongly correlated to
the residual stresses generated from the heterogeneous plastic deformation.
Moreover, the formability or cracking behavior in high-strength streel alloys also
depends on the microstructure of steel alloys, such as constituent phases and
crystallographic texture.
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CHAPTER 3 Effects of Phase Transformation Kinetics,
Constituent Phases, Crystallographic Texture on Phase-Specific
Tensile Stress Partitioning in Alloy Plates
3.1 Introduction
The formability of advanced high-strength steels is an important issue for
successful and broad structural applications. In general, high tensile ductility is
considered to be essential for a good formability. The transformation induced
plasticity (TRIP) steel alloys, with high tensile strength and ductility, have been
developed to meet this requirement. As the strain-induced α’-martensitic phase
transformation leads to an increase in the strain-hardening rate during the plastic
deformation, the onset of necking is delayed and the ductility is enhanced [25, 66,
89]. However, the TRIP steels frequently exhibit a cracking problem during a sheetmetal forming process, such as the deep-drawing process, despite its high
toughness [20, 21, 90]. The tensile residual-stress concentration is one of the
critical factors for this cracking behavior [27, 91, 92]. During the deep-drawing
process, inhomogeneous plastic deformation can result in a local concentration of
macroscopic residual stresses. Simultaneously, microscopic interphase residualstress localization could also be caused by the microstructural changes in TRIP
steels during the severe plastic deformation due to the stress partitioning among
constituent phases and the sheet-plastic anisotropy.
The interphase stress partitioning occurs in the TRIP steels or other multi-phase
steels during the deformation due to the difference in mechanical properties
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between constituent phases. In those steels, the stress partitioning among
constituent phases occurs at different stress or strain levels due to the difference
of phase-specific mechanical behavior [17, 93]. For example, Tao et al. [17], using
an in-situ neutron diffraction (ND) characterization of a metastable 304L austenitic
stainless steel (SS), showed that the applied stress concentrates in the straininduced α’-martensite phase due to the stress partitioning between austenite and
α’-martensite during the tensile plastic deformation. Furthermore, the micromechanical behavior of a duplex SS under uniaxial loading has been investigated
using in-situ ND, showing that the plastic flow initiates in the austenite phase, and
subsequently in the ferrite phase which carries higher applied stress during the
plastic deformation [94-96]. The martensitic transformation kinetics can be
influenced by the changes in the phase-specific stress or strain in a TRIP steel.
Based on this concept, Wu et al. [26] recently proposed a strategy of TRIP-assisted
steel alloy designed to enhance the advantage of TRIP effect by manipulating the
phase-specific

stress,

which,

in

turn,

influence

the

martensitic

phase

transformation.
It has been reported that the residual stress in a deep-drawn AISI-1010 cup
measured by ND is higher at the rolling direction (RD) than at the transverse
direction (TD), indicating that the sheet-plastic anisotropy can result in an
inhomogeneous distribution of residual stress [93]. Hence, the phase-specific
stress partitioning and the plastic anisotropy in the sheet material subjected to a
forming process, play a significant role in the microscopic residual-stress
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concentration, which could exacerbate the cracking phenomenon. It is well known
that the crystallographic texture plays an important role in the plastic anisotropy on
a sheet metal. The strain-induced phase transformation can result in a textured
martensite phase from an initially textured austenite phase due to the orientation
relationship and the selective phase transformation mechanism [16, 37, 97-99].
For example, Cakmak et al. [16], in their high-energy synchrotron x-ray diffraction
study of texture evolution in a TRIP steel, showed that the strain-induced
martensitic phase transformation follows a selective phase transformation, which
is closely related to stored strain energy and dislocation density of the textured
austenite phase. Therefore, the plastic anisotropy can be enhanced not only by
the crystallographic texture but also by the phase transformation. In addition, the
grains with a preferred orientation accompany a certain stress partition based on
the elastic and plastic anisotropy, and thus the texture has an effect on the
orientation-specific stress distribution [100].
In the current study, we are aiming to improve the formability of advanced highstrength steels and meanwhile taking the benefit of the TRIP effect. To this end, a
lean duplex TRIP SS alloy, consisting of ferrite and metastable austenite, was
designed to manipulate the stress partitioning among constituent phases and the
plastic anisotropy. Recently, Jung et al. [34], using a split ring test, showed that
macroscopic hoop residual stresses in a deep-drawn lean duplex TRIP steel can
be significantly reduced as compared to a TRIP counterpart subjected to an
identical drawing ratio. However, limited studies have been conducted on the
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micromechanical understanding of phase-specific residual-stress partitioning in
the lean duplex TRIP steels and its effect on the formability, e.g., [35].Moreover,
cold-rolled duplex SS alloys exhibit a strong plastic anisotropy, which is governed
by the strong ferritic texture [101, 102]. Moverare et al. [103] showed that the
phase-specific stress distribution can be influenced by the anisotropic flow
behavior in a duplex SS based on an in-situ x-ray diffraction study. It was
demonstrated that the phase-specific stresses vary with the changes in the loading
direction (LD) with respect to the plate orientation, showing that the
crystallographic texture plays an important role in the stress partitioning behavior.
Therefore, it is crucial to obtain the in-depth understanding of the combinational
effects of the martensitic phase transformation, stress partitioning, and texture on
the phase-specific residual-stress concentration to enhance the formability of
TRIP-assisted steel alloys.
In this chapter, we studied four different alloys: (1) a TRIP SS, (2) a stable
austenitic SS (stable counterpart of (1)), (3) a lean duplex TRIP SS, and (4) a lean
duplex stable SS (stable counterpart of (3)). Macroscopic tensile behaviors were
examined along three different LDs with respect to the RD of the alloy plates at
ambient temperature to study the tensile behavior and plastic anisotropy including
the Lankford coefficients. The martensitic transformation kinetics and the
evolutions of crystallographic texture were studied during tensile deformation using
synchrotron x-ray diffraction. In-situ neutron diffraction was used to measure the
evolutions of lattice strain and phase-stress partitioning during the tensile
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deformation.

The

correlation

between

microstructure,

martensitic

phase

transformation, texture evolution, and lattice strain evolution; and their correlated
role in the residual-stress partitioning and plastic anisotropy is discussed. The
current work provides a basic understanding of the constitutive properties of steel
alloys and the relationship between the microstructural evolution associated with
tensile deformation and the phase-specific stress concentration.

3.2 Experimental
3.2.1 Alloy design and processing
The two key alloys prepared in this study are: (1) a TRIP SS (a metastable
austenitic SS alloy and (2) a lean duplex TRIP SS (a dual-phase alloy with
metastable austenite and ferrite). In order to provide non-transforming stable
references for the investigation of effects of the strain-induced martensitic
transformation on the residual-stress partitioning, an austenitic SS and a lean
duplex SS, both with a stable austenite phase, were studied along with the two
main TRIP alloys. The alloy designations and compositions are listed in Table 3.1.
Cast ingots were heated to 1523 K for 3 h and hot rolled to reduce the thickness
to 4 mm. Subsequently, single-phase austenitic SS alloys (TRIP and A-SS) and
dual-phase lean duplex SS alloys (D-TRIP and D-SS) were solution annealed at
1323 K and 1373 K for 30 seconds, respectively, followed by a cold rolling along
the previous hot rolling direction to a final thickness of 2 mm. To minimize the effect
of hydrogen, its content was kept below 0.5 ppm.
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Table 3.1. Chemical compositions (wt.%) of stainless steel alloys manufactured for
the current study. The TRIP SS (TRIP) consists of an initially single-phase
metastable austenitic SS that will go through martensitic phase transformation with
applied strain. The austenitic SS (A-SS) is a stable counterpart to the TRIP alloy.
The lean duplex TRIP SS (D-TRIP) consists of metastable austenite and ferrite
phases, where the austenite phase will provide the TRIP effect. Finally, the lean
duplex SS (D-SS) is a stable counterpart of the D-TRIP alloy.

Alloy designation

C

Si

Mn

Cr

Ni

Cu

N

Fe

H2 (ppm)

TRIP SS (TRIP)

.055

.5

7.0

17.1

4.0

-

.200

Bal.

.32

Austenitic SS (A-SS)

.051

.5

1.0

17.7

12.1

3.0

.196

Bal.

.23

Lean duplex TRIP SS (D-TRIP)

.085

.5

6.2

18.9

1.1

2.6

.078

Bal.

.20

Lean duplex SS (D-SS)

.079

.5

6.0

21.0

3.5

2.5

.080

Bal.

.30
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3.2.2 Microstructure and tensile behavior of alloy plates
The microstructure of as-rolled alloy plates was characterized using a light optical
microscopy. An etchant consisting of 60% nitric acid and 40% water was used on
the mechanically polished samples. The grain morphologies of constituent phases
in all four alloy plates were characterized for all three orthogonal surfaces.
Tensile samples (25 mm gauge length, 6 mm width, and 2 mm thickness) were
machined by the electrical discharge machining (EDM), and were tested at a strain
rate of 6.5×10-3/s at ambient temperature using a servo hydraulic MTS load frame.
An extensometer was used to measure the engineering axial strain. Tensile tests
were carried out along three different loading directions (LDs), i.e. 0o (rolling
direction, RD), 45o (45o to the RD), and 90o (transverse direction, TD), to
investigate the plastic anisotropy of each alloy plate. The Lankford coefficients (rvalue) were also measured in the three LDs at 20% engineering strain:

𝑟=

𝜀𝑤
𝜀𝑡

(3.1)

where 𝜀𝑤 and 𝜀𝑡 are the plastic strains along the tensile sample width and
thickness directions, respectively.
3.2.3 Phase fraction and texture measurements using S-XRD
The evolutions of phase fraction and texture were measured as a function of tensile
strain along the three LDs using high-energy synchrotron x-ray diffraction (S-XRD)
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at beamline 11-ID-C, Advanced Photon Source (APS), Argonne National
Laboratory (ANL). After a series of tensile tests to various engineering strain
values, a rectangular pin (2 mm × 2 mm × 10 mm) was extracted from the gauge
section of each deformed tensile sample using the EDM for subsequent S-XRD
measurements.
One of the advantages of high-energy S-XRD technique is its high-penetration
rate, and, therefore, the bulk-average microstructure information can be obtained.
The x-ray beam with 0.11798 Å wavelength was collimated to 500 μm × 500 μm,
which allowed us to illuminate approximately 1000 grains. The specimens were
rotated around the LD from 0o to 90o with a 15o step angle to obtain sufficient
accuracy in the phase fraction and texture measurements. The Perkin-Elmer area
detector was used to obtain the Debye-Scherrer rings using the transmission
scattering geometry. The Debye-Scherrer rings then were converted into
diffraction patterns with 10o caking using the Fit2D software [104]. The Material
Analysis Using Diffraction (MAUD) software [105] and the E-WIMV algorithm [106]
were used for performing the Rietveld refinement to evaluate phase fraction and
texture evolutions. The pole figures and orientation distribution functions (ODFs)
were generated using the MTEX [107] software.
3.2.4 Lattice strain measurements using in-situ ND tensile testing
The in-situ lattice strain evolutions of the four alloy plates were measured to
investigate the micro-mechanical behavior and interactions of constituent phases
during uniaxial tension at ambient temperature. Time-of-flight neutron diffraction
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(ND) measurement were performed at the VULCAN beamline, Spallation Neutron
Source (SNS), Oak Ridge National Laboratory (ORNL).The tensile samples were
orientated at 45o with respect to the incident neutron beam so that the ND patterns
with the scattering vectors both parallel and perpendicular to the LD were
simultaneously recorded by two detector banks at ± 90° 2θ.In-situ tensile testing
was performed using a dedicated-MTS hydraulic load frame with an extensometer
(12.7 mm gauge length) to measure the applied macroscopic strain. The in-situ
measurement was performed under load control mode at a strain rate of 10 -4/s.
The samples initially were subject to a tensile load of 40 N (about 6 MPa
engineering stress), which is considered as the load-free reference state. During
a tensile testing, several unloading curves were also measured at various plastic
strains to evaluate the evolution of residual-lattice strains. The VULCAN Data
Reduction and Interactive Visualization (VDRIVE) software [108] was used to
process raw neutron diffraction data and to convert to diffraction patterns. The dspacings of various (hkl) lattice planes were obtained using the single peak fitting
using the VDRIVE, and then the lattice strain for a specific (hkl) lattice plane (𝜀ℎ𝑘𝑙 )
was obtained based on the changes in diffraction peaks as a function of applied
stress (or strain):

𝜀ℎ𝑘𝑙 =

𝑑ℎ𝑘𝑙 − 𝑑0,ℎ𝑘𝑙
𝑑0,ℎ𝑘𝑙

(3.2)

where 𝑑0,ℎ𝑘𝑙 and 𝑑ℎ𝑘𝑙 are the interplanar spacings at the load-free and the loaded
states, respectively.
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3.3 Results
3.3.1 Microstructure and constituent phases
The microstructure of all rolled alloy plates is presented for the RD-TD crosssection, in Figure 3.1a-d. Also, the microstructural morphologies of the TRIP and
D-TRIP alloys were verified by a 3D microstructural map, Figure 3.1e,f. The TRIP
and A-SS alloys exhibit isotropic grain morphology and size distribution with
equiaxed grains (mean size of 20 μm) although these alloys were operated by the
rolling, Figure 3.1a,b. On the other hand, the D-TRIP and DSS show a laminar
microstructure with the elongated grain morphology along RD, Figure 3.1c,d. The
darker and lighter phases are the ferrite and austenite phases with mean grain
sizes of 10 μm and 20 μm, respectively. The microstructures of TRIP and D-TRIP
alloys respectively exhibit similar features of their counterparts.
Figure 3.2 shows neutron diffraction patterns of all rolled alloy plates, showing that
TRIP and A-SS alloys initially consist of single FCC phase, and D-TRIP and A-SS
alloys consist of both FCC and BCC phases. The volume fraction ratio of the BCC
phase to the FCC phase in both D-TRIP and D-SS alloys is approximately 3:7.
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(a) TRIP

(b) A-SS

50 μm

50 μm

(d) D-SS

(c) D-TRIP

ND
50 μm

RD

(e) TRIP

50 μm

(f) A-SS

100 μm

100 μm

(g) D-TRIP
ND
RD

(h) D-SS

100 μm

100 μm

Figure 3.1. Optical micrographs of (a) TRIP, (b) A-SS, (c) D-TRIP, and (d) D-SS
alloys on the RD-TD surface. 3D optical micrographs of the RD, TD, and ND
surfaces of (e) TRIP, (f) A-SS, (g) D-TRIP and (h) D-SS alloys.
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Figure 3.2. Neutron diffraction patterns of as-rolled plates measured with the
scattering vector along RD for: (a) TRIP, (b) A-SS, (c) D-TRIP, and (d) D-SS.
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3.3.2 Tensile behavior of alloy plates
The tensile stress-strain curves were measured along different LDs (0o, 45o,90o)
and R-values are obtained, Figure 3.3. Key tensile properties are also summarized
in Table 3.2. The stress-strain curves of all alloys showed little anisotropy as a
function of LD. Hence, the stress-strain curves with LD parallel to RD in all alloys
are selected for a comparison. Compared to the A-SS alloy, the TRIP alloy exhibits
higher ductility and strength owing to the TRIP effect, as shown in Figure 3.3e and
Table 3.2. On the other hand, the D-TRIP and D-SS alloys present comparable
stress-strain curves, whereas the D-TRIP alloy with the TRIP effect provides
slightly higher ductility and strength than its counterpart. Moreover, the TRIP alloy
exhibits a larger elongation in contrast to the D-TRIP alloy.
Figure 3.3f shows R-values as a function of planar orientations with respect to RD.
The TRIP and D-TRIP alloys both present comparable curves of R-value in
contrast to their individual counterparts, suggesting that the effect of martensitic
phase transformation on the R-value is not significant. The TRIP alloy shows
higher R-values in all orientations as compared to the D-TRIP alloy. Moreover, the
R-values in the TRIP alloy decrease almost linearly from RD to TD, whereas the
inverse “V” trends are observed in the D-TRIP alloy with the maximum R-value at
45o. It suggests that the ferrite phase may play a significant role in the plastic
anisotropy.
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Figure 3.3. Tensile stress-strain curves of (a) TRIP, (b) A-SS, (c) D-TRIP, and (d)
D-SS alloys measured as a function of the LD with respect to RD. (e) A comparison
between tensile stress-strain curves of all four alloys with the LD parallel to RD. (f)
R-values as a function of the angle with respect to RD for all four alloys.
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Table 3.2. Tensile properties and Lanford coefficients: 𝐸 is the Young’s modulus,
𝜎𝑦 is the 0.2% proof stress, UTS is the tensile strength, 𝜀𝑢 is the total elongation,
and 𝜀𝑡 is the total elongation.

Alloy designation

𝐸 (GPa)

𝜎𝑦 (MPa)

TRIP SS (TRIP)
Austenitic SS (A-SS)
Lean duplex TRIP SS (D-TRIP)
Lean duplex SS (D-SS)

214(3)
200(6)
203(8)
200(10)

443(4)
406(4)
439(8)
432(11)
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𝑈𝑇𝑆
(MPa)
807
700
708
702

𝜀𝑢 (%)

𝜀𝑡 (%)

45
29
29
26

51
36
37
34

3.3.3 Martensitic phase transformation
The evolution of strain-induced martensite phase fraction in the TRIP and D-TRIP
alloys are present in Figure 3.4. The martensitic phase transformation was not
observed in the A-SS and D-SS reference alloys. As shown in Figure 3.4, the LD
did not significantly influence the phase transformation kinetics in both TRIP and
D-TRIP alloys. The α’-martensitic transformation rate initially is higher in the DTRIP alloy, while beyond 30% engineering strain, it saturates to 4.4 wt.%. In
contrast, the phase fraction of α’-martensite continues to increase almost linearly
in the TRIP alloy when the engineering strain exceeds 30%. It continuously
increases up to 12.1 wt.% at 50% engineering strain.
This difference in the α’-martensitic phase transformation kinetics in the D-TRIP
alloy would lead to a lower α’-martensite fraction at higher strain, and its origin and
implications will be discussed in terms of a stress partitioning in section 3.4.1.
Furthermore, the strain-induced ε- martensite presented in the TRIP alloy, and it
initially increases rapidly to 8.5 wt.% at 40% strain, then decreases to 5.5 wt.% at
50% engineering strain. Whereas the ε-martensite was not observed in the D-TRIP
alloy.
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Figure 3.4. Evolution of strain-induced HCP ε- and BCC α’-martensite phase
fractions in TRIP D- TRIP alloys measured as a function of the applied strain at
three different LDs.
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3.3.4 Texture evolution
The initial textures in FCC austenite phase are represented using ODFs at the
sections of 𝜑2 = 0𝑜 and 𝜑2 = 45𝑜 in Figure 3.5a and b for the TRIP and A-SS
alloys, respectively. The ideal components of FCC and BCC textures are
summarized in Table 3.3. The TRIP alloy exhibits a weak Brass-type texture, but
the A-SS alloy shows a weak Copper-type texture. On the other hand, the D-TRIP
and the D-SS alloys present a similar weak α-fiber texture, Figure 3.5c and d.
Moreover, the initial and deformation textures as a function of LD, which were
measured at 26% engineering strain, are presented using (111), (220), and (200)
PFs in Figure 3.6. The comparable <111> and <100> fiber textures along LD,
which is generally formed in FCC materials, were developed in the austenite phase
in all SS alloys. The changes in texture intensity along different LDs are not
significant. These results suggest that the influence of the austenitic texture in the
plastic anisotropy is not significant in all rolled SS alloys, which is consistent with
the result of martensitic phase transformation kinetics.
The initial BCC ferrite ODFs at section of 𝜑2 = 45𝑜 of both D-TRIP and D-SS alloys
are shown in Figure 3.7a and b, respectively. They show the comparable α-fiber
textures associated with the strong {001}<110> component, while no typical γ-fiber
texture was observed, which is not consistent with the rolling texture of typical BCC
steel alloys. Combining with the texture results of austenite phase, it suggests that
the texture of one phase is affected by the second phase in the D-TRIP and its
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Table 3.3. Ideal components of FCC and BCC textures with their orientation
relations with respect to the sample axes. The plane normal of {hkl} is parallel to
the normal direction (ND), and the <uvw> is parallel to the rolling direction (RD) of
the alloy plate.
FCC
Component
Cube {001<100>
Goss {110}<001>
Brass {110}<112>
A {110}<111>
Rotated Goss {110}<011>
Copper {112}<111>

BCC
Component
{001}<110>
{211}<011>
{111}<011>
{111}<112>
{110}<110>

Symbol
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Symbol

(a) TRIP

(b) A-SS

(c) D-TRIP

(d) D-SS

Figure 3.5. Two orientation distribution function (ODF) sections (𝜑2 = 0𝑜 ) and
(𝜑2 = 45𝑜 ) showing the initial texture of the austenite phase in the as-rolled plates
of (a) TRIP, (b) A-SS, (c) D-TRIP, and (d) D-SS alloys.
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Figure 3.6. (111), (220), and (200) pole figures (PFs) of the FCC austenite phase
in the as-received and tensile samples deformed (26% engineering strain) along
three different LDs in (a) TRIP, (b) A-SS, (c) D-TRIP, and (d) D-SS alloys.

71

(a) D-TRIP
(a) D-TRIP

(b) D-SS

Figure 3.7. An ODF section (𝜑2 = 45𝑜 ) showing the initial texture of the ferrite
phase in the as-received plates of (a) D-TRIP and (b) D-SS alloys.
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reference alloys. The initial and deformation textures of the ferrite/α’-martensite
and ferrite phases using (222), (110), and (200) PFs, which were measured at 26%
engineering strains, Figure 3.8b-d and e-g, respectively, show the <110> fiber
along LD. In contrast, no obvious difference between the ferrite/ α’-martensite and
ferrite phases was observed, suggesting that the effect of martensitic phase
transformation on the evolution of ferritic texture is not significant. However, the
significant variation of the texture intensities along different LDs was observed after
plastic deformation in both D-TRIP and D-SS alloys. These results indicate that
the plastic anisotropic behavior of the D-TRIP and D-SS alloys is dominated by the
strong initial textures of the laminar ferrite phase. It is consistent with the results of
R-value.
Figure 3.9 present the textures of the strain-induced α’-martensite phase, which
were measured at 26% engineering strains, as a function of LD in the TRIP alloy.
The weak <110> fiber texture with relatively same intensities along different LDs
is observed, further confirming that the effect of martensitic phase transformation
on the plastic anisotropy is not significant.
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Figure 3.8. (222), (110), and (200) PFs of the BCC phases in the as-received and
tensile samples deformed (26% engineering strain) along three different LDs. (a)
Ferrite and α’-martensite phases in D-TRIP, and (b) ferrite phase in D-SS.
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Figure 3.9. (222), (110), and (200) PFs of the strain-induced α’-martensite phase
in TRIP alloy deformed (26% engineering strain) along three different LDs.

75

3.3.4 Lattice strain and residual-lattice strain evolutions
Figure 3.10a, c, and d show the evolutions of lattice strain as a function of the
applied stress during tensile testing along LD for all steel alloys. In the TRIP and
A-SS alloys in Figure 3.10a, three stages can be classified for the lattice strain
evolution of the austenite phase. The almost linear responses of lattice strain to
applied stress are observed in the stage I (0 to 300 MPa) for all the investigated
(hkl) lattice planes, showing both TRIP and A-SS alloys are in elastic region. The
slopes of different lattice planes, which is attributed to the elastic anisotropy, can
be measured as diffraction modulus. The (111) shows largest modulus while (200)
shows lowest modulus in both TRIP and A-SS alloys, suggesting that (111) is
stiffest plane while (200) is the most compliant plane. In the stage II (300 to 600
MPa), the responses of lattice strains departure from the linearity, signifying the
plastic deformation in the austenite phase in both TRIP and A-SS alloys. The
austenite phase plastically deforms through certain preferential slip system, and
thus the sequence of yielding in oriented grains depends on their Schmid factor.
This different response of lattice planes origins from the plastic anisotropy. As
shown in Figure 3.10a, the slopes of the (111) and (220) lattice strains increase
from the loading range of 300 to 600 MPa, suggesting that the plastic flow initiates
earlier in the stiff (111) and (220) planes than the compliant (200) and (311) planes
in the TRIP alloy. This phenomenon leads to the stress partitioning, e.g. the applied
stresses transfer from (111) and (220) planes to (200) and (311) planes, resulting
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Figure 3.10. Evolutions of elastic lattice strain and residual lattice strain of (111),
(200), (220), and (311) in FCC phase and (110), (200), and (211) in BCC phases
measured using in-situ neutron diffraction. Elastic lattice strains as a function of
the applied stress. Austenite phase in (a) TRIP and A-SS, (c) D-TRIP and D-SS,
and (d) ferrite and α’-martensite phases in D-TRIP and ferrite phase D-SS.
Residual lattice strains as a function of the strain. Austenite phase in (b) TRIP and
A-SS, (e) D-TRIP and D-SS, and (f) ferrite and α’-martensite phases in D-TRIP
and ferrite phase D-SS.
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in the increase of the (200) and (311) lattice strains. In contrast, the lattice strain
evolution of (111) and (220) planes of the austenitic SS show that the slopes are
slightly lower than the TRIP alloy, suggesting that the stress accompanied by the
(111) and (220) planes is higher in the A-SS alloy as compared to the TRIP alloy.
In the stage III, the (311) lattice plane of the austenite phase in TRIP alloy starts
to yield as the slope of lattice strain decreases, suggesting the stress transferred
from the (311) austenitic grains to the other austenitic grains, resulting in the
increase of the lattice strains of (111), (220), and (200) planes. In contrast,
however, the (311) lattice strain of the A-SS alloy is increasing more significantly
than that of the TRIP alloy. Moreover, no significant difference of lattice strain of
(111), (220), and (200) planes between TRIP and A-SS alloys was observed. Note
that the strain-induced martensite was formed during the plastic deformation in the
TRIP alloy, suggesting that the changes in the slopes of lattice planes in the TRIP
alloy is closely related to the strain-induced martensite phase.
On the other hand, the lattice strain evolutions of constituent phase of the D-TRIP
and D-SS alloys are presented in Figure 3.10c and d, respectively. Since lattice
parameters of ferrite and strain-induced α’-martensite are very similar, the peak
center for a combined profile from ferrite and strain-induced α’-martensite phases
is determined to evaluate lattice strain of the convoluted ferrite/martensite phase.
The lattice strain evolutions also can be classified into three stages by concerning
the changes in lattice strain. In the stage I (0 to 150 MPa), the lattice strains of
austenite and ferrite phases all exhibit the linear response to the applied stress for
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Figure 3.11. Evolutions of elastic lattice strain and residual lattice strain of (111),
(200), (220), and (311) in FCC phase and (110), (200), and (211) in BCC phases
measured using in-situ neutron diffraction. Elastic lattice strains as a function of
the applied stress. Austenite phase in (a) TRIP and A-SS, (c) D-TRIP and D-SS,
and (d) ferrite and α’-martensite phases in D-TRIP and ferrite phase D-SS.
Residual lattice strains as a function of the strain. Austenite phase in (b) TRIP and
A-SS, (e) D-TRIP and D-SS, and (f) ferrite and α’-martensite phases in D-TRIP
and ferrite phase D-SS.
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all investigated (hkl) lattice planes in both D-TRIP and D-SS alloy, indicating the
elastic deformation. The slopes of lattice planes in the austenite phase are higher
than in the ferrite phase, suggesting that the austenite phase is stiffer than the
ferrite phase in both D-TRIP and D-SS alloys. In the stage II (150 MPa to 400
MPa), the nonlinear responses of lattice strains to the applied stress in all lattice
planes were observed, which is attributed to the plastic deformation. Note that
although the obvious difference of the lattice strain was observed in different lattice
planes, the trends of lattice strain evolution are clearly separated into two groups,
i.e. FCC phase and BCC phase. The slopes of lattice strain in the austenite phase
decrease, resulting in the applied stress transferred to the ferrite/α’-martensite
phase and ferrite phase in the D-TRIP and D-SS alloys, respectively. Accordingly,
the lattice strains in the ferrite/ α’-martensite phase or ferrite phase increase. In the
stage III (400 MPa to 700 MPa), the slopes of lattice strain in austenite phase
increase, and correspondingly, the slopes of lattice strain in ferrite/ α’-martensite
and ferrite phases decrease. It suggests that the ferrite/α’-martensite or ferrite
phase starts to yield for the elastic-plastic transition, in which the applied stress
gradually transferred to the austenite phase. In contrast, no significant variation of
the lattice strain evolution in the austenite phase for the D-TRIP and D-SS alloys
was observed, indicating that the loads in the austenite phase are almost the
same. However, the lattice strains of ferrite/α’-martensite phase in the D-TRIP alloy
are consistent lower than that of ferrite phase in the D-SS alloy in the loading range
of 300 to 700 MPa, in which the α’-martensitic phase transformation was taken
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place in the D-TRIP alloy. This difference could be associated with the straininduced α’-martensite phase.
The neutron diffraction measurement was also performed during the unloading at
several plastic strains, and the corresponding residual-lattice strain evolutions for
various lattice planes in all SS alloys, respectively, are presented in Figure 3.10b,
e, and f as a function of the applied plastic strain. The tensile strain was observed
in the compliant (200) lattice planes, while the compressive strain was developed
in the stiff (220) lattice planes in both TRIP and A-SS alloys, in Figure 3.10b. The
evolutions of residual-lattice strain of the (111) and (311) lattice planes lie in the
middle of that of (200) and (220) lattice planes, as the effect of intergranular stress
on the lattice strain of (111) and (311) lattice planes is not significant. In contrast,
the residual-lattice strain evolutions of the austenite phase reveal that the residuallattice strains of all investigated lattice planes of the A-SS alloy are higher than the
TRIP alloy during the plastic strain over 10%. It indicates that the residual stress
for tensile loading of the austenite phase in the A-SS alloy is higher than that in the
TRIP alloy when the plastic strain exceeds to 10%. Note that the residual-lattice
strain of (311) lattice plane in the TRIP alloy initially increases and then gradually
decreases along with the increase of the plastic strain as compared to the
continuous increasing of the (311) residual-lattice strain in the A-SS alloy. It is
consistent with the observation of the lattice strain evolution during the tensile
loading, in Figure 3.10a.
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Figure 3.10e and f present the residual-lattice strain evolutions of the (111), (200),
(220), and (311) lattice planes in the FCC austenite phase and (110), (200), and
(211) lattice planes in the BCC ferrite/α’-martensite and ferrite phases in the DTRIP and the D-SS alloys, respectively. The residual-lattice strain evolutions of the
D-TRIP and D-SS alloys exhibit comparable behavior, which is consistent with the
lattice strain evolutions during the loading. The trends of the residual-lattice strain
of the constituent phase are clearly separated, in Figure 3.7b and c, showing that
all the lattice planes of the ferrite/martensite or ferrite phase exhibits the tensile
strain, but most lattice planes of the austenite phase are in the compressive strain
except the (200) lattice plane. Moreover, the residual-lattice strains of all the lattice
planes in each phase is approaching to each other along the increase of the plastic
strain, which is consistent with the observation in stage II of the lattice strain
evolution. It suggests that the phase-specific residual stress could be released in
the D-TRIP and D-SS alloys during the plastic deformation. In contrast, the
residual-lattice strain evolutions exhibit the similar behavior as the lattice strain
evolutions, e.g. the residual-lattice strains of the austenite phases in the D-TRIP
and A-SS alloys show a similar behavior, in the Figure 3.7b. The residual-lattice
strains of the ferrite/α’-martensite phase in the D-TRIP alloy, however, are
consistently lower than that of the ferrite phase in the D-SS alloy. This result
indicates that the effect of the α’-martensitic phase transformation on the phasespecific residual stress is more significant in the ferrite phase than the austenite
phase in the D-TRIP alloy.
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3.4 Discussion
3.4.1 Stress partitioning and its effect on the residual-stress concentration
It was presented in Figure 3.4 that the austenite phase in the TRIP alloy was
transformed to the ε-martensite and α’-martensite phases during the tensile
loading due to its low stacking fault energy, whereas no phase transformation was
observed in the A-SS alloy. Therefore, it is expected that the stress partitioning
among constituent phase, which exhibit phase-specific mechanical properties,
could take place in the TRIP alloy during the deformation, resulting in the phasespecific residual-stress concentration at unloading state. As shown in Figure 3.10a,
the significant difference between the TRIP and A-SS alloys was observed in the
(111) and (220) lattice planes at the stress range of 400 to 600 MPa, in which the
austenite phase of TRIP alloy was transferred to the ε-martensite phase. Based
on the single-phase microstructure of the A-SS alloy, those results indicate that
the stresses of (111) and (220) lattice planes of the TRIP alloy transferred to the
new-formed ε-martensite phase, resulting in the increase of the interplanar
distance (d-spacing) of the ε-martensite phase during loading range of 400 to 600
MPa, in Figure 3.11. Nevertheless, no significant difference of (311) and (200)
lattice strains between the TRIP and A-SS alloys was observed at the stress range
of 400 to 600 MPa, indicating that the stresses of (311) and (200) lattice planes
are approximately same in those two materials. Furthermore, it has been reported
that the (311) lattice plane is weakly influenced by the intergranular stress in the
FCC austenitic steel alloys, and thus it can be used to represent the phase strain

83

Interplanar Distance (Å)

1.954
1.953
1.952
1.951
1.950
d(011) of -martensite phase in TRIP
1.949
1.182 d(211) of '-martensite phase in TRIP
1.181
1.180
1.179
1.178
1.177
600
630
660
690
720
750
Applied Stress (MPa)

Figure 3.12. The evolutions of interplanar distance, e.g. d011 of strain-induced εmartensite phase and d211 of strain-induced α’-martensite phase in TRIP alloy, as
a function of applied stress.
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of austenite phase. Hence, although the local-stress partitioning is induced by the
ε-martensitic phase transformation, the stress level of the austenite phase in the
TRIP alloy is not significantly affected by the ε-martensite phase. It is consistent
with the conclusion by Tao et al. [17], that the stress partitioning induced by the
strain-induced ε-martensite phase, which weakly bears the substantial load in the
TRIP steel, is not significant. As a result, it is expected that the effect of εmartensite phase on the phase-specific residual-stress concentration is not
significant. However, the slope of (311) lattice strain in the TRIP alloy is significant
higher as compared to the A-SS alloy when the applied stress exceeded 600 MPa,
in Figure 3.10. Moreover, the slope of (200) lattice strain in the TRIP alloy is slightly
higher than that in the A-SS alloy. Those slope changes in the lattice strain
evolutions indicate the stress of the austenite phase in the TRIP alloy transferred
to the new-formed α’-martensite phase at the stress range of 600 to 750 MPa.
Moreover, as shown in Figure 3.11, the d-spacing of the ε-martensite phase initially
decreases and then increases when the formation of α’-martensite takes place,
indicating that the stress of the ε-martensite phase initially was released and
transferred to the α’-martensite phase. As a result, the d-spacing of the α’martensite phase is increasing along the increase of plastic strain, in Figure 3.11.
Note that the lattice strains of (220) and (311) lattice planes in the TRIP alloy exhibit
the serrated behavior, as compared to the A-SS alloy, Figure 3.10a. This behavior
may result from the fact that the α’-martensite transformation is a dynamic process
in which the level of stress is locally different in newly-formed α’-martensite and
early-formed α’-martensite [109]. Therefore, the strain-induced α’-martensite
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phase leads to a significant stress partitioning among constituent phase in the
TRIP alloy during the tensile loading. Subsequently, it results in the tensile residual
stress in the α’-martensite phase, leading to the lower residual-lattice strains of the
austenite phase in the TRIP alloy as compared to the A-SS alloy at the strain range
of 10% to 30%, in Figure 3.10b.
On the other hand, it was shown in Figure 3.10c and d that the stress partitioning
among constituent phase was occurring in the D-TRIP and D-SS alloy during the
deformation, e.g. the yielding initiates in the austenite phase, resulting in the flow
stress transferring to the ferrite/α’-martensite or ferrite phases. This result suggests
that the critical resolved stress of the ferrite phase is higher that the austenite
phase in the D-TRIP and D-SS alloys. It has been reported that the nitrogen, which
acts as the interstitial element, plays an essential role on the strengthening of
austenite phase and determines relative strength between the austenite and ferrite
phases in duplex steel alloys [85, 103, 110-112]. For example, Foct et al. [110]
proposed that the ferrite phase in the duplex steels is harder than the austenite
phase when the content of nitrogen is less than 0.12 wt.% if their grain sizes are
similar. In the current study, both D-TRIP D-SS alloys contain 0.08 wt.% nitrogen,
and in addition to this, the ferrite phase has smaller grain size than the austenite
phase, as shown in Figure 3.1, suggesting the less strengthening in the austenite
phase. Hence, the ferrite phase accumulates more lattice strain and bears higher
applied stress than the austenite phase in both D-TRIP and D-SS alloys during the
deformation. Subsequently, it leads to the tensile residual-lattice strain in the ferrite
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phase, while the compressive residual-lattice strain in the austenite phase, as
shown in Figure 3.10e, f. Furthermore, Figure 3.4 reveals that the D-TRIP alloy
exhibits the lower α’-martensitic transformation rate when the strain exceeds 30%,
as compared to the TRIP alloy. This phenomenon is closely related to the stress
partitioning due to the stress or strain level of the austenite phase being
manipulated by the ferrite phase in the D-TRIP alloy. The austenite phase is
promoted to deform plastically and bears relative lower stress in the D-TRIP alloy,
resulting in a lower α’-martensitic phase transformation rate at higher strain, and
thus lower amount of strain-induced α’-martensite phase, in Figure 3.4.
To understand the effect of strain-induced α’-martensite phase on the phasespecific residual stress concentration in the D-TRIP alloy, the comparison of the
lattice strain evolution between the D-TRIP and D-SS alloys is analyzed and shown
in Figure 3.10b, c. It illustrates that the responses of lattice strain in the austenite
phase are almost identical in both materials, indicating that the stresses in the
austenite phase are almost same. This is consistent with the similarity observed in
macroscopic stress-strain curves and the microstructures, Figure 3.1 and Figure
3.3, respectively. Nevertheless, the significant discrepancy was observed in the
ferrite/α’-martensite and ferrite phases, Figure 3.10c. This difference could be due
to the stress partitioning induced by the strain-induced α’-martensite phase in the
D-TRIP alloy during the deformation. Note that the peak position of the ferrite/α’martensite phase in the D-TRIP alloy is expected to be close to the position of the
ferrite phase because of the small amount of the α’-martensite phase. Hence, the
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lattice strain of the ferrite/α’-martensite phase measured using the ND is believed
to be mostly equal to the lattice strain of the ferrite phase in the D-TRIP alloy. In
such a case, a portion of the applied stress could transfer from the ferrite phase to
the α’-martensite phase, leading to a decrease of the lattice strain of the ferrite
phase in the D-TRIP alloy. However, the effect of this stress partitioning on the
stress level of retained austenite phase is not significant. Note that the increment
of the flow stress is mainly accumulated by the ferrite phase, rather than the
austenite phase, at the loading range of 200 to 600 MPa in the D-TRIP alloy, and
thus the effect of the stress partitioning induced by the new-formed α’-martensite
phase is more considerable on the stress level of the ferrite phase. Nevertheless,
no significant variation of the lattice strain in the austenite phase between the DTRIP and A-SS alloys was observed in Figure 3.10b at the loading range of 600 to
700 MPa, suggesting that the austenite phase, which bears a portion of the applied
stress when the ferrite phase is yielding, is still unaffected by the stress partitioning
of the α’-martensite phase. It indicates that the strain-induced α’-martensite phase
is in the elastic-plastic transition, in which the α’-martensite phase exhibits a similar
critical resolved stress as the ferrite phase. Hence, the increment of the applied
stress is mainly accumulated by the austenite phase at the loading range of 600
to 700 MPa. Moreover, the lattice strain evolutions of different lattice planes in the
D-TRIP alloy exhibit similar trends as the D-SS alloy, indicating that the effect of
the local-stress partitioning between the ferrite and α’-martensite phases on the
specific orientation of the ferrite phases is not significant.
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In order to quantitatively understand the stress partitioning behavior in the TRIP
and D-TRIP alloys and its effect on the residual stress concentration, the residuallattice strains are further converted to the phase-specific residual stress using
neutron diffraction elastic constants, 𝐸ℎ𝑘𝑙 and υℎ𝑘𝑙 , obtained using the Kröner
model [113].The merit is that the continuity of strain/stress in grain boundaries is
taken into account in this Kröner model [114, 115]. The parameters obtained from
the Kröner model are presented in in Table 3.4. The phase-specific residual stress
was calculated using the Hooke’s law by assuming plane-stress condition:

𝜎1 =

𝐸ℎ𝑘𝑙
ℎ𝑘𝑙
+ 𝜐ℎ𝑘𝑙 𝜀2ℎ𝑘𝑙 )
2 (𝜀1
1 − 𝜐ℎ𝑘𝑙

𝜎2 =

𝐸ℎ𝑘𝑙
ℎ𝑘𝑙
ℎ𝑘𝑙
2 (𝜀2 + 𝜐ℎ𝑘𝑙 𝜀1 )
1 − 𝜐ℎ𝑘𝑙

(3.3)

where 𝜎1 is the axial principal stress, 𝜎2 is the transverse principal stress, 𝐸ℎ𝑘𝑙 is
the diffraction elastic modulus, 𝜐ℎ𝑘𝑙 is the diffraction Poisson’s ratio, and 𝜀1ℎ𝑘𝑙 and
𝜀2ℎ𝑘𝑙 are the measured elastic lattice strains in the axial and transverse directions,
respectively. The (311) lattice plane of the austenite phase and (211) lattice plane
of the ferrite/α’-martensite and ferrite phases are used to calculate the residual
stress per Equation 3.3, since they are not significantly influenced by the
intergranular stress in FCC and BCC steel alloys, respectively. The results of the
phase-specific residual stress in the A-SS and D-SS alloys, respectively, are
selected as a reference of the calculation of residual stress of the α’-martensite
phase in the TRIP and D-TRIP alloys. The changes in the phase fraction induced
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Table 3.4. Diffraction moduli, 𝐸311 for austenite and 𝐸211 for ferrite, and Poisson’s
ratios, ν311 for austenite and ν211 for ferrite, following the Kröner model.
𝐸ℎ𝑘𝑙 (GPa)

𝜈ℎ𝑘𝑙

𝐶11 (GPa)

𝐶12 (GPa)

𝐶44 (GPa)

Austenite

184.1

.31

217.6

138.7

112.7

Ferrite [35]

224.4

.276

231.4

134.7

116.4
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by the martensitic phase transformation with the rule of mixtures approach is taken
into account. Figure 3.12a presents the phase-specific residual stresses in the
TRIP alloy as a function of plastic strain, which shows that the level of residual
stress in the α’-martensite phase is much higher than that in the austenite phase.
It demonstrates that the tensile residual stress concentrates in the α’-martensite
phase after the plastic deformation in the TRIP alloy. Moreover, the brittle α’martensite phase, which contains high carbon content, is more sensitive to crack
than the ductile austenite phase. Hence, the premature fracture or microcrack
initiation could occur preferentially in the brittle α’-martensite grains or martensite
grain boundaries, thus leading to the poor formability. On the other hand, the
results of the phase-specific residual stress, as shown in Figure 3.12b, show that
the tensile residual stress also concentrates in the α’-martensite phase in the DTRIP alloy, which is similar to the TRIP alloy. However, the deviation of the residual
stress level of the α’-martensite phase in the D-TRIP alloy from the TRIP alloy was
observed in the Figure 3.12b. We compare the residual stress of the α’-martensite
phase between Figure 3.12a and b, showing a lower residual stress in the α’martensite phase in the D-TRIP alloy, as compared to the TRIP alloy. It is facilitated
by the ferrite phase that shares the load and plays a beneficial role in the stress
partitioning during the deformation. Hence, this load-sharing effect from the ferrite
phase described herein facilitates the relaxation of residual-stress concentration in
the α’-martensite phase in the D-TRIP alloy.
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Figure 3.13. Evolutions of phase-specific residual stress measured using in-situ
neutron diffraction. (a) residual stress evolutions of the austenite and α’-martensite
phases as a function of the applied strain in TRIP and A-SS alloys, and (b) residual
stress evolutions of the austenite, ferrite, and α’-martensite phases as a function
of the applied strain in D-TRIP and D-SS.
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3.4.2 Texture evolution and its effect on the martensitic phase
transformation and plastic anisotropy
It has been demonstrated in section 3.4.1 that the α’-martensite phase significantly
affects the stress partitioning behavior, which results in the tensile residual-stress
concentration in the α’-martensite phase in both the TRIP and D-TRIP alloys. In
addition, the phase fraction of the strain-induced α’-martensite phase affects the
mechanical properties as well as the fracture mechanism of the TRIP steel alloys.
For example, the fracture of a TRIP-assisted steel alloy was investigated, using
the experimental and numerical methods, showing that higher amount of the straininduced α’-martensite increases the possibility of fracture. Since it enhances the
network of α’-martensite, the crack propagation without crossing of the ductile
phase is allowed [20]. Moreover, the martensitic phase transformation kinetics is
closely related to the texture of the parent austenite phase due to the orientation
relationship and the selective phase transformation mechanism, suggesting that
the phase fraction of the α’-martensite phase varies along with the change of
texture of the austenite phase. In the current work, the dominant component of the
as-received texture of the austenite phase in the TRIP alloy is the Brass, while the
dominant Rotated-Goss component associated with Copper was observed in the
A-SS alloy, as shown in Figure 3.5a and b. It has been reported that the high SFE
can result in the Copper-type deformation texture, while low SFE can lead to the
Brass-type deformation texture [116, 117], and thus the SFE is expected to be
higher in the A-SS alloy than the TRIP alloy. Note that the as-received textures of
both TRIP and A-SS alloys exhibit the Cube component, which is promoted by the
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recrystallization [97]. Hence, the recrystallization is expected to occur in both TRIP
and A-SS alloys during the hot-rolling process, leading to the disappearance of the
Goss component [97]. On the other hand, the as-received textures of the austenite
phase in both D-TRIP and D-SS alloys show the Goss, Brass, and Copper
components, which are generally formed by the deformation in the FCC steel
alloys [97], as shown in Figure 3.5c and d. Moreover, the as-received textures of
the ferrite phase in both materials contain the strong {001}<110> component and
the relatively weak {111}<011> component, in Figure 3.7. Considering the ferritic
phase transformation during the hot-rolling process, the austenitic grains with the
Cube component primarily transfer to the ferritic grains with {001<110> component
[118], indicating that the austenite phase recrystallized prior to its transformation
to the ferrite phase in both D-TRIP and D-SS alloys. Nevertheless, the {111}<011>
component in the as-received ferritic texture is transferred from the austenitic
grains with Copper component, which originates from the deformation rather than
the recrystallization [118]. Hence, the austenitic grains in the D-TRIP and D-SS
alloys are partially recrystallized prior to the ferritic phase transformation during the
hot-rolling process. As a result, the subsequent cold-rolling process associated
with the constraint of ferrite phase on the austenite phase could lead to the
deformation texture, consisting of Goss, Brass, and Copper components, in the
austenite phase in the D-TRIP and D-SS alloys. It has been reported that the
martensitic phase transformation prefers to occur in some austenitic grains with
certain orientations, which is so called variant selection. According to the
investigation on the 304 stainless steel with metastable austenite phase by
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Humbert et al. [37], the strain-induced martensite phase is formed more
considerably from the austenitic grains with Cube and Goss components. Hence,
the austenite phase, which contain higher amount of the Cube and Goss
components, could be transferred more to the martensite phase regardless of the
effect of the chemical composition, which certainly accounts for the high amounts
of the α’-martensite phase in the TRIP alloy, as shown in Figure 3.4.
Furthermore, beside the effect of the austenitic texture on the martensitic phase
transformation, the plastic anisotropy, which is closely related to the evolution of
textures of the constituent phase, affects the level of stress or strain in the material
as well as the constituent phase when the material is loading at different directions.
Thus, it could result in the different amount of the strain-induced martensite phase.
In the current study, it was present in the Figure 3.6 that the similar resultant
textures of the austenite phase were observed at different LDs in both TRIP and
A-SS alloys, indicating that the influence of the evolution of austenitic texture on
the plastic anisotropy is limited. Consequently, it can be deduced that the effect of
the plastic anisotropy on the martensitic phase transformation is not significant,
which leads to the similarity of α’-martensitic texture among different LDs, as
shown in Figure 3.9. Those results account for the similarities of the amount of α’martensite phase and R-value along different LDs in the TRIP alloys. On the other
hand, the typical <111> and <100> fiber austenitic textures with comparable
intensities at different LDs were developed in both D-TRIP SS and D-SS alloys,
suggesting that the austenite phase forms its own deformation texture, rather than
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influenced by the ferrite phase. Moreover, it shows that the effect of the austenitic
texture on the plastic anisotropy is not significant in both D-TRIP and D-SS alloys
during tensile deformation. Nevertheless, Figure 3.8 shows that the ferritic texture
gives rise to the plastic anisotropy in the D-TRIP SS and D-SS alloys, and thus it
could result in the different stress levels in the ferrite phase during the deformation
along different LDs. Subsequently, due to the stress partitioning behavior, the
stresses accumulated by the austenite phase may vary along different LDs. It is
well known that Taylor factor, M, is a measure of the relative strength required to
promote and maintain plastic deformation in a certain slip system. In the other
words, the grains with lower M is rotated by plastic deformation with lower strength.
Moreover, the Taylor factor is influenced by the anisotropic coefficient (R-value)
because of the inhomogeneity of two contractions in width and thickness
directions. To understand the influence of the ferritic texture in the plastic
anisotropy determining the phase-specific stress in the D-TRIP alloy, the Taylor
factors of oriented grains in BCC crystals are calculated based on the octahedral
slip, i.e. {110}<111> slip system for ferrite phase, as shown in Figure 3.13a. The
R-values used for this calculation in the ferrite phase are assumed as the ones
measured in deformed tensile samples based on the consideration of less effect
of austenitic texture on plastic anisotropy. To compare the initial texture
components of the ferrite phase in the D-TRIP alloy with the Taylor factors of
oriented grains in BCC crystals, the normal of {hkl} and the <uvw> of the lattice
plane, respectively, are parallel to the normal direction (ND) and LD of the sample,
in Figure 3.13b-d. The result suggests that the yielding strength of the ferrite phase
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(a)

(c) LD//45o

(b) LD//RD

(d) LD//TD

Figure 3.14. ODF section (𝜑2 = 45𝑜 ) showing (a) the Taylor factors of oriented
grains in BCC crystals based on the octahedral slip, i.e. {110}<111> slip system,
and the initial texture of the ferrite phase with the normal of {hkl} and the <uvw> of
the lattice plane parallel to the normal direction (ND) and LD in D-SS. (b) LD
parallel to RD, (c) to 45o with respect with RD, and (d) to TD.
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is relative lower in the 45o since the texture components have lower M, and thus
the austenite phase could accumulate higher stresses in the 45 o during the
deformation. As a result, it could promote the martensitic phase transformation and
result in a higher amount of the strain-induced α’-martensite phase in the 45o in
the D-TRIP alloy, which is consistent with the observation that the phase fraction
of α’-martensite phase is slightly higher in the 45o as compared to the others.
Nevertheless, the effect of the ferritic texture on the plastic anisotropy in the DTRIP alloy is still not significant during uniaxial tensile deformation based on
consideration of the similar macroscopic stress-strain curves of the D-TRIP alloys
and the slightly deviation of the α’-martensite phase fraction at different LDs.
However, it may be reinforced at the high strain or complicated strain path and
lead to the strong non-uniform distribution of α’-martensite phase, which would
result in the high residual-stress concentration and thereby fracture.

3.5 Conclusions
The

correlation

of

phase

transformation

kinetics,

constituent

phases,

crystallographic texture, and stress partitioning between constituent phases were
studied on the TRIP SS (TRIP) alloy and lean duplex TRIP SS (D-TRIP) alloy
during uniaxial tension at ambient temperature to understand the constitutive
behavior of steel alloys and provide a basic understanding of mechanism
responsible for the formability of the TRIP-assisted steel alloys. The effect of phase
transformation kinetics, constituent phases, and crystallographic texture on phasespecific stress concentration and plastic anisotropy were investigated using in-situ
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neutron diffraction (ND) and synchrotron x-ray diffraction (S-XRD) techniques. The
conclusions are as follows.
1. The stress partitioning between constituent phases was investigated during
tensile deformation using in-situ ND. The effect of strain-induced ε-martensite
phase on the stress partitioning between constituent phase in the TRIP alloy is not
significant. Nevertheless, the applied stresses are transferred to the strain-induced
α’-martensite phase, resulting in the residual stress concentration in α’-martensite
phase in both TRIP and D-TRIP alloys. However, owing to the local stress sharing
of ferrite and α’-martensite phases in the D-TRIP alloy, the residual stresses in α’martensite phase are reduced significantly during tensile deformation as compared
to the TRIP alloy. Hence, the α’-martensitic phase transformation, which leads to
the residual-stress concentration, is the key factor determining the formability of
the TRIP alloy, whereas the ferrite phase, which provides more possibilities to tailor
the stress partitioning behavior, releases the residual stress concentration and
thus would improve the formability of the D-TRIP alloy.
2. The austenite phase developed similar deformation textures in both TRIP and
D-TRIP alloys during tensile deformation for the different loading directions (LDs),
suggesting that the effect of initial austenitic texture on the plastic anisotropy is not
significant. However, the significant difference in texture intensities of the ferrite
phase between LDs during tensile deformation suggests that the strong initial
ferritic texture is the dominant source of the plastic anisotropy in the D-TRIP alloy,
which is consistent with the result of R-value, although its effect on the plastic
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anisotropy is not significant in terms of tensile behavior. It is believed to be
responsible for the difference of α’-martensite phase fraction at different LDs.
Moreover, this plastic anisotropy, which is strongly affected by the ferritic texture,
could arise at high strain, and thus play an important role on the phase-specific
residual stress concentration.
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CHAPTER 4 Phase-Specific Residual Stress Partitioning and
Cracking Behavior In Deep-Drawn Alloy Cups
4.1 Introduction
It is well known that the initiation of strain localization is critical to the analysis of
formability of sheet metal alloys during sheet-metal forming processes [1-3]. The
strain imported during the heterogeneous forming process concentrates as
deformation bands of sheet metals [4, 5]. The forming limit diagram, based on the
limit strains in the sheet-metal forming process, has been developed as a strainbased failure criterion to evaluate the formability of sheet metal alloys [6-11].
Mechanistic studies have been extensively reported based on the forming limit
diagram [1, 12-14]. For example, A.K. Ghosh [1]and S.B. Kim et al. [12] studied
the formability of advanced high-strength steel alloys using numerical analysis and
experimental tensile testing, respectively. Their works show that the limit strain is
closely related to the strain rate, strain hardening rate, as well as fracture
elongation, and it is effectively enhanced through increasing strain hardening rate,
which leads to the delayed onset of necking during the plastic deformation. The
approach for improvement of formability by enhancing strain hardening rate and
ductility was applied in a number of alloy design studies [15, 119, 120]. For
example, Xie et al. [119] improved the strain hardening rate and ductility of CP800
high-strength steel alloy by optimizing the texture components, and in their study
the formability of this high-strength steel alloy was enhanced by increasing the
tensile elongation while keeping its high strength. Srivastava et al. [15], using an
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optimal heat treatment on a TRIP steel alloy to improve the tensile elongation,
showed that the heat-treated TRIP steel alloy exhibits higher limit strain in the
forming limit curve. Due to the high tensile strength, strain hardening rate, and
good ductility, the transformation induced plasticity (TRIP) steel alloys received the
increasing attentions [16-19]. However, many studies have reported that TRIP
steel alloys usually present cracking problem during the sheet-metal forming
process at ambient temperature [20-22, 90]. It was acknowledged that this
cracking problem is governed by the microstructure and its evolution of alloys
during the sheet-metal forming process [20, 21, 23, 24]. Therefore, the
consideration of limit strain criterion is not sufficient to provide a fundamental
understanding of the underlying mechanisms responsible for the formability of
steel alloys. Metallurgical studies on the microstructure-processing relationship are
needed and the microstructure and its evolution during forming processes could
be essential to enhance the formability of steel alloys.
Prior studies are mostly focused on the influence of initial microstructure and its
evolution on the stress concentration and hydrogen embrittlement during forming
processes [22, 27-30, 90]. For examples, Papula et al. [22], using Ferritescope and
x-ray diffraction to study the formability of steel alloys with different stabilities of
austenite phase during deep-drawing process, showed that macroscopic residual
stresses increase with the increased content of strain-induced α’-martensite
phase. Moreover, the strain-induced α’-martensite phase provides a diffusion path
of hydrogen and thus facilitates the hydrogen embrittlement as the hydrogen
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releasing rate is higher in bcc structure compared to fcc structure. However, in the
studies of Guo et al. [33] and Jung et al. [34], it was found that metastable
austenitic steel alloys exhibited the cracking phenomenon in their deep-drawn
components although the content of hydrogen was controlled to be less than 0.5
ppm. In our recent experiments (in Chapter 3), a transformation-induced plasticity
(TRIP) stainless steel (SS) (TRIP) alloy also shows this cracking problem during a
deep-drawing process at room temperature when the hydrogen is extremely
limited, as shown in Figure 4.1. Nevertheless, a lean duplex TRIP SS (D-TRIP)
alloy, consisting of ferrite phase and metastable austenite phase, exhibits a better
formability as compared to the TRIP alloy when they were both subjected to the
deep-drawing process at 2.1 drawing ratio, in Figure 4.1. Thus, in the current study,
the hydrogen embrittlement will not be a considerable factor responsible for the
cracking phenomenon. The engineering stress-strain curves are presented in
Figure 4.2 for the TRIP and D-TRIP alloys. TRIP alloy exhibits higher ultimate
tensile strength and elongation as compared to the D-TRIP alloy. Although TRIP
alloy shows an improvement of tensile properties, its formability has not been
accordingly improved, in Figure 4.1. Therefore, the microstructural difference
between the TRIP and D-TRIP alloys is believed to result in their distinguish
performance in their deep-drawn components.
In general, the heterogeneous properties of different constituent phases in a TRIP
or multiphase steel alloy can lead to the interphase stress partitioning, and thus
the stress concentration. For example, Tao et al.’s in-situ neutron diffraction study
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1010mm

10 mm

Figure 4.1. Images of deep-drawn TRIP and D-TRIP alloys at DR=2.1, showing
the cracking phenomenon in deep-drawn TRIP alloy.
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Figure 4.2. Tensile stress-strain curves of TRIP and D-TRIP alloy with the loading
direction parallel to RD.
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of lattice strain evolution in a 304L SS alloy showed that the applied stresses were
transferred from austenite phase to strain-induced α’-martensite phase when the
martensitic phase transformation occurred [17]. Furthermore, the magnitude of
accumulated stress in the strain-induced α’-martensite phase also depends on the
phase transformation kinetics, which is influenced by the crystallographic texture
[16, 37]. According to the high-energy synchrotron x-ray diffraction study by
Cakmak et al. [16], the selective phase transformation was observed in the
martensitic phase transformation in TRIP steel alloy, resulting in the different
martensitic phase transformation rate. Thus, to connect the microstructure
including constituent phases, crystallographic texture, and martensitic phase
transformation to the cracking behavior in deep-drawn steel alloys, the phasespecific residual stresses could be considered as a key factor for this connectivity.
In general, however, conventional non-destructive approach, such as laboratory xray diffraction, does not provide bulk quantitative data on alloys owing to its limit
penetration depth.
High-energy

synchrotron

x-ray

diffraction

(S-XRD)

allowing

volumetric

measurement in the bulk metal has been sued to study the phase-specific residual
stress as well as constituent phase and texture. For example, Gnaeupel-Herold et
al. [91] analyzed the through-thickness distribution of residual stress in a Al6022
deep-drawn cup and showed that the axial and hoop stresses exhibit non-linear
gradients through thickness and concentrate in the outside surface. Furthermore,
Jimenez-Melero et al. [121] used S-XRD to study the texture development and its
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effect on the martensitic phase transformation in TRIP steel alloys. As the texture
intensity in <100> component increased in austenite phase, the martensitic phase
transformation rate increases due to the changes in critical stress for phase
transformation.
In the current chapter, we studied the combinational effect of martensitic phase
transformation, constituent phases, and crystallographic texture on the phasespecific residual stress concentration to understand the mechanisms responsible
for the cracking behavior in deep-drawn steel alloys. Four different stainless steel
alloys, e.g. (1) a TRIP SS, (2) a stable austenitic SS (stable counterpart of (1)), (3)
a lean duplex TRIP SS, and (4) a lean duplex SS (stable counterpart of (3)), were
investigated on their deep-drawn cups. The formability of steel alloys were
examined using deep-drawing process. The distributions of strain-induced α’martensitic phase fraction and texture measured at outside surface in tip of deepdrawn cup wall were analyzed using S-XRD. The phase-specific residual stresses
were mapped in deep-drawn steel cups. The role of changes in microstructure
including martensitic phase transformation and constituent phases in the phasespecific residual stress partitioning is studied. Moreover, the effect of texture on
the martensitic phase transformation kinetics and its influence on the cracking
behavior are discussed.
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4.2 Experimental
4.2.1 Deep-drawing process
The two key stainless steel (SS) alloys prepared in the current study are: (1) a
TRIP SS (a metastable austenitic SS alloy) and (2) a lean duplex TRIP SS (a
duplex alloy with metastable austenite phase and ferrite phase). Moreover, an
austenitic SS and a lean duplex SS were provided as non-transforming stable
references for two key TRIP alloys to study the influence of the martensitic phase
transformation on the cracking phenomenon in deep-drawn cups. The details of
alloy designations, chemical compositions, and characterization has been reported
in Chapter 3.
Deep-drawing processing was carried out to examine the sheet formability of these
SS alloys by manufacturing cylindrical cups at ambient temperature. The
geometries of deep-drawing tool are of 55 mm inner die diameter with 12 mm
shoulder radius and 50 mm outer punch diameter with 6 mm shoulder radius and
they are all axisymmetric. The surfaces of deep-drawing tools were lubricated
using tallow oil. The round blank diameters varying from 90 mm, 95 mm, 100 mm,
and 105 mm with 2 mm thickness were machined to provide different drawing ratio,
which is defined as the following equation:

𝐷𝑅 =

𝐷
𝑑
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(4.1)

where DR is the drawing ratio, D is the round blank diameter, and d is the outer
punch diameter.
During deep-drawing process, the punch speed and the blank holder force were
held as 100 mm/min and 10 KN, respectively. It should be noted that the hydrogen
content was controlled to be less than 0.32 ppm during the alloy manufacturing
and deep-drawing process, and thereby the hydrogen embrittlement can be
neglected in the current work.
4.2.2 Phase fraction, texture, and microscopic residual stress measurements
in deep-drawn SS cups using S-XRD
High-energy synchrotron x-ray diffraction (S-XRD) measurements were preformed
to study constituent phase and crystallographic texture of deep-drawn SS cups at
beamline 11-ID-C, Advanced Photon Source (APS), Argonne National Laboratory
(ANL). The synchrotron x-ray beam has a wavelength of 0.11798 Å and was
collimated to 500 μm × 500 μm for volumetric measurements. The circumferential
distributions of strain-induced α’-martensite phase fraction and texture at outside
surface in tip of deep-drawn cup walls were measured by extracting a series of
specimens as function of positions varying from rolling direction to transverse
direction of deep-drawn cups at DR = 2.0. The specimens were rotated around the
axial direction from 0o to 90o at 15o interval. Fit2D software [104] was used to
convert the Debye-Scherrer rings into diffraction patterns. Rietveld refinements
were performed for the analysis of constituent phases and texture using MAUD
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[105] and E-WIMV algorithm [106]. The pole figures and inverse pole figures then
were plotted using MTEX software [107].
The hoop and axial residual stresses in deep-drawn SS alloys at DR = 1.9 were
analyzed using the S-XRD measurements at 1-ID-C, APS, ANL. The wavelengths
of synchrotron x-ray beam were determined to be 0.1711 Å and 0.1597 Å, which
can be respectively used to collect diffraction data of (311) lattice planes in
austenite phase and of (211) lattice planes in ferrite or strain-induced α’-martensite
phase. The scattering volume was defined using conical slits with 0.02 mm width
to collimate synchrotron x-ray beam into 50 μm (hoop direction) × 50 μm (axial
direction)

×

200

μm

(radial

direction),

allowing

the

through-thickness

measurement, in Figure 4.3. The diffraction data were collected through the deepdrawn cup thickness at 0.5 mm interval and along the deep-drawn cup wall height
from 0.5 mm below the tip at 3 mm interval. Single-peak fitting was preformed
using GSAS II software [122] to obtain the d-spacing of (311) lattice planes in
austenite phase and of (211) lattice planes in ferrite or strain-induced α’-martensite
phase. Then, the following equation was used to calculate the lattice strains:

𝜀ℎ𝑘𝑙 =

𝑑ℎ𝑘𝑙 − 𝑑0,ℎ𝑘𝑙
𝑑0,ℎ𝑘𝑙

(4.2)

where 𝑑0,ℎ𝑘𝑙 and 𝑑ℎ𝑘𝑙 are the interplanar spacings at the stress-free and the
stressed states, respectively. The phase-specific residual stress was calculated
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Deep-drawn cup

Figure 4.3. The schematics of the transmission geometry setup at 1-ID-C, APS,
ANL and area mapped in deep-drawn SS cups for hoop and axial residual stress
measurements using S-XRD.
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according to the Hooke’s law with the assumption of plane-stress condition (radial
residual stress equal to zero) using the following equations [23, 27]:

𝜎ℎ𝑜𝑜𝑝 =

𝐸ℎ𝑘𝑙
ℎ𝑘𝑙
ℎ𝑘𝑙
2 (𝜀ℎ𝑜𝑜𝑝 + 𝜐ℎ𝑘𝑙 𝜀𝑎𝑥𝑖𝑎𝑙 )
1 − 𝜐ℎ𝑘𝑙

𝜎𝑎𝑥𝑖𝑎𝑙 =

𝐸ℎ𝑘𝑙
ℎ𝑘𝑙
ℎ𝑘𝑙
2 (𝜀𝑎𝑥𝑖𝑎𝑙 + 𝜐ℎ𝑘𝑙 𝜀ℎ𝑜𝑜𝑝 )
1 − 𝜐ℎ𝑘𝑙

(4.3)

Where 𝜎ℎ𝑜𝑜𝑝 and 𝜎𝑎𝑥𝑖𝑎𝑙 are the hoop and axial phase-specific residual stress, and
ℎ𝑘𝑙
ℎ𝑘𝑙
𝜀ℎ𝑜𝑜𝑝
and 𝜀𝑎𝑥𝑖𝑎𝑙
are the measured elastic lattice strains in hoop and axial

directions. The diffraction elastic constants, e.g. diffraction modulus 𝐸ℎ𝑘𝑙 and
diffraction Passion’s ratio 𝜐ℎ𝑘𝑙 were used from our prior in-situ neutron diffraction
measurement and the Kröner model [113], which has been reported detailed in
Chapter 3.

4.3 Results
4.3.1 Cracking behavior in deep-drawn stainless steel alloys
The formability of stainless steel (SS) alloys are presented in Table 4.1 in terms of
the number of cracks. Macroscopic cracks are observed in the deep-drawn TRIP
alloy at DR = 1.9, 2.0, and 2.1, suggesting the poor formability. Cracks, which
initiated at outside surface in tip of deep-drawn cup wall, propagated from outsider
surface to insider surface and subsequently went down vertically along the deepdrawn cup wall height. Furthermore, the circumferential crack length measured in
deep-drawn TRIP alloy at DR = 2.1 was presented in Figure 4.4 as a function of
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Table 4.1. The formability of SS alloys examined using deep-drawing process as
a function of drawing ratio at ambient temperature in terms of cracking
phenomenon.

Drawing ratio (DR)

Stainless steel alloy

1.9

2.0

2.1

1 crack

4 cracks

12 cracks

Austenitic SS (A-SS)

-

-

-

Lean duplex TRIP SS (D-TRIP)

-

-

-

Lean duplex SS (D-SS)

-

-

-

TRIP SS (TRIP)

32

5o to RD

28
5o to RD

Crack length (mm)

24
20

25o to RD

16

32o to RD

12

75o to RD

8

90o to RD

4
0

0

100

200

300

400

500

600

Incubation time after deeping-drawing process (hour)

Figure 4.4. Evolution of selected crack length located at deep-drawn TRIP alloy at
DR = 2.1 with respect to RD as a function of the incubation time after deep-drawing
process.
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incubation time. The crack length increases from rolling direction (RD) to
transverse direction (TD), suggesting the crack prefers to form at RD in deepdrawn TRIP alloy. Moreover, there is no crack observed in all other deep-drawn
SS alloys at all DRs, suggesting the D-TRIP alloy shows better formability than
TRIP alloy.
4.3.2 Constituent phases and strain-induced α’-martensite phase fraction in
the deep-drawn stainless steel alloys
The diffraction patterns measured using S-XRD at outside surface of tip of deepdrawn cup walls for four SS alloys are presented in Figure 4.5. The deep-drawn
TRIP alloy consists of fcc austenite phase, bcc α’-martensite phase, and hcp εmartensite phase, while its stable counterpart, deep-drawn A-SS alloy, has single
fcc austenite phase, in Figure 4.5a, b. Combining with our prior studies in Chapter
3 on the alloy plates, the results suggest that the martensitic phase transformation
occurs in TRIP alloy during deep-drawing process. On the other hand, both deepdrawn D-TRIP and D-SS alloys show fcc phase and bcc phase in their diffraction
patterns, in Figure 4.5c, d. Based on Rietveld refinement analysis, about 44 wt.%
and 30 wt.% bcc phases are respectively in deep-drawn D-TRIP and D-SS alloys.
It should be noted that both as-received D-TRIP and D-SS alloys have 30 wt.%
bcc ferrite phase, and thereby the increase of bcc phase in deep-drawn D-TRIP
alloy is generated from the martensitic phase transformation during deep-drawing
process. And the A-SS and D-SS alloys as non-transforming stable references
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Figure 4.5. Synchrotron x-ray diffraction patterns measured at the outside surface
of tip of deep-drawn SS cups wall (DR =2.0): (a) TRIP, (b) A-SS, (c) D-TRIP, and
(d) D-SS.
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show good agreement with the alloy designations and do not have the phase
transformation during deep-drawing process.
Figure 4.6 shows the strain-induced α’-martensite phase fraction as a function of
orientation with respect to RD at outside surface of tip of deep-drawn cup walls for
TRIP and D-TRIP alloys. It shows higher average amount of strain-induced α’martensite phase in the deep-drawn TRIP alloy as compared to that of deep-drawn
D-TRIP alloy. The distribution of α’-martensite phase is observed to be
inhomogeneous in both deep-drawn TRIP and D-TRIP alloys due to the
nonuniform plastic deformation during the deep-drawing process. In deep-drawn
TRIP alloy, the α’-martensite phase fraction decreases slightly from RD to TD. On
the other hand, α’-martensite phase fraction increases from RD to 45o then
decreases slightly to TD in deep-drawn D-TRIP alloy. Comparison of distribution
of α’-martensite phase fraction, in Figure 4.6, and initial propagating rate of cracks,
in Figure 4.4, for deep-drawn TRIP alloy shows the same trend, suggesting that
the amount of strain-induced α’-martensite phase could be closely related to the
anisotropic cracking behavior during the deep-drawing process.
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Figure 4.6. Evolutions of strain-induced α’-martensite phase fraction measured at
the outside surface of tip of deep-drawn TRIP and D-TRIP cups wall (DR = 2.0)
using S-XRD as a function of orientation with respect to RD.
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4.3.3 Textures in the deep-drawn stainless steel cups
The crystallographic texture analysis was conducted using the diffraction patterns
measured by S-XRD and pole figures are generated for all deep-drawn alloys, as
shown in Figure 4.7 to Figure 4.9. For the fcc austenite phase, the ideal fcc texture
components are presented in Table 4.2 and Figure 4.7e. The (111), (220), and
(200) pole figures measured at outside surface in tip of deep-drawn cup walls as
shown in Figure 4.7 show that the fcc austenite phases in all deep-drawn alloys
have the typical <110> fiber along the hoop direction, which is ascribed to a
combinational effect of strain path and active slip systems. The scale bar shows
texture intensity in terms of multiple of a random distribution. Comparison of the
austenite phases at different orientations for all deep-drawn SS alloys does not
show significant changes in texture intensity, suggesting that the effect of texture
in austenite phase on plastic anisotropy is limited. Hence, the textures in austenite
phases measured at RD are selected as representative one for the texture
analysis. Textures in all austenite phases primarily consist of A {011}<111> and
Goss {011}<100> components, while Cube {100}<100> components are weak in
all austenite phases. According to the works conducted by Daniel et al. [123] for
the development of texture in austenite phase, the Cube {100}<100> component
is unstable and rotating towards the Goss {011}<100> component during deepdrawing process, which is consistent with results in Figure 4.7. Comparison of
texture components in austenite phase for deep-drawn TRIP and A-SS alloys
shows that the texture in austenite phase has weaker Rotated Goss {110}<011>
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(a) (111)
0o

(220)

(200)

(b) (111)

(220)

(200)

(111)

(220)

(200)

(d) (111)

(220)
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RD

Tip of deep-drawn cup
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45o
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(c)
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45o
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(e)

Figure 4.7. (111), (220), and (200) pole figures of fcc austenite phase measured
at the outside surface of tip of deep-drawn SS cups wall (DR = 2.0) using S-XRD
as a function of orientation with respect to RD: (a) TRIP, (b) A-SS, (c) D-TRIP, and
(d) D-SS. Ideal components of fcc texture with their orientation relations with
respect to the alloy plate axes. The plane normal of {hkl} is parallel to the normal
direction (ND), and the <uvw> is parallel to the rolling direction (RD) of the alloy
plate.
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Figure 4.8. (222), (110), and (200) pole figures of the strain-induced α’-martensite
phase measured at the outside surface of tip of deep-drawn TRIP cup wall (DR =
2.0) using S-XRD as a function of orientation with respect to RD.

119

(a) (222)
0o

(110)

(200)

(b) (222)

(110)

(200)

RD

Tip of deep-drawn cup

TD

45o

90o

Figure 4.9. (222), (110), and (200) pole figures of bcc phases (ferrite phase and
strain-induced α’-martensite phase in D-TRIP; ferrite phase in D-SS) measured at
the outside surface of tip of deep-drawn SS cup wall (DR = 2.0) using S-XRD as a
function of orientation with respect to RD: (a) D-TRIP and (b) D-SS.
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Table 4.2. Ideal components of fcc texture with their orientations relations with
respect to the sample axes. The plane normal of {hkl} is parallel to the normal
direction (ND), and the <uvw> is parallel to the rolling direction (RD) of the alloy
plate.
FCC ideal components
Cube {001<100>
Goss {110}<001>
Brass {110}<112>
A {110}<111>
Rotated Goss {110}<011>
Copper {112}<111>
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Symbol

component in deep-drawn TRIP alloy than that in deep-drawn A-SS alloy.
Similarly, the Rotated Goss {110}<011> component in austenite phase in deepdrawn D-TRIP alloy is more random compared to that in deep-drawn D-SS alloy.
These results suggest that the development of texture in austenite phase is
influenced by martensitic phase transformation, which shows a preferred
crystallographic direction.
For the strain-induced bcc α’-martensite phase in deep-drawn TRIP alloy, (222),
(110), and (220) pole figures measured at outside surface of tip of deep-drawn cup
walls are presented in Figure 4.8 as a function of orientations with respect to RD.
The texture in strain-induced α’-martensite phase develops typical <111> and
<100> fibers along the hoop direction and these fibers at different orientations are
correspondingly parallel to the given orientations with respect to RD due to
different strain paths during deep-drawing process. The changes in texture
intensity of strain-induced α’-martensite phase from RD to TD are not significant,
which is consistent with the observation of change in texture intensity in parent
austenite phase. It suggests that the anisotropic behavior in terms of martensitic
phase transformation is not significant in TRIP alloy during deep-drawing process.
It should be noted that the texture intensity of strain-induced α’-martensite phase
is slightly higher at RD as compared to that at other orientations, although this
difference as describe earlier is limited.
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For the bcc phases (strain-induced α’-martensite phase and original ferrite phase
in deep-drawn D-TRIP alloy; ferrite phase in deep-drawn D-SS alloy), (222), (110),
and (220) pole figures measured at outside surface of tip of deep-drawn cup walls
are shown in Figure 4.9 as a function of orientation with respect to RD. The textures
in bcc phases are characterized as typical <111> and <100> fibers along the hoop
direction in deep-drawn D-TRIP and D-SS alloys as well and no significant
difference of texture in bcc phases in terms of texture components was observed
between deep-drawn D-TRIP and D-SS alloys. The scale bar shows a strong
texture intensity in bcc phases. This sharp texture in bcc ferrite phase in deepdrawn D-SS alloy suggests that the texture in bcc phases consisting of ferrite
phase and strain-induced α’-martensite phase in deep-drawn D-TRIP alloy
primarily shows the texture in ferrite phase, while texture in strain-induced α’martensite phase could be weak. This effect of texture in bcc strain-induced α’martensite phase on texture in convoluted bcc phases also was confirmed by the
fact that the texture in bcc phases of deep-drawn D-TRIP alloy is more random
than that of deep-drawn D-SS alloy. Furthermore, comparison of texture intensity
in bcc phases for deep-drawn D-TRIP alloy shows obvious change in texture
intensity at different orientations. It is also shown that the texture intensity in bcc
phases measured at RD shows highest multiple of a random distribution. These
results suggest that the texture in bcc ferrite phase can be responsible for the
nonuniform distribution of texture intensity in bcc phases from RD to TD.

123

4.3.4 Microscopic residual stresses in deep-drawn stainless steel cups
The hoop and axial phase-specific residual stresses measured using S-XRD for
all deep-drawn SS alloys are presented in Figure 4.10 and Figure 4.11 as a
function of deep-drawn cup wall thickness and height, respectively. It should be
noted that the A-SS alloy has single-phase (fcc austenite phase) microstructure
and thus the residual stresses in austenite phase in deep-drawn A-SS alloy can
be used as the estimation of macroscopic residual stresses in deep-drawn SS
alloys to analyze phase-specific residual stress partitioning behavior. The hoop
residual stresses are tensile stresses at outside surface and decrease almost
linearly from outside surface to inside surface of all deep-drawn SS alloys, as
shown in Figure 4.10. For the deep-drawn TRIP alloy, comparison of hoop residual
stresses for deep-drawn TRIP and A-SS alloys show that the hoop residual
stresses in deep-drawn TRIP alloy are partitioned between austenite phase and
strain-induced α’-martensite phase. Tensile hoop residual stresses concentrate in
the strain-induced α’-martensite phase at outside surface of tip of deep-drawn
TRIP cup wall. The austenite phase in deep-drawn TRIP alloy shows a reduction
in hoop residual stresses as compared to that in deep-drawn A-SS alloy due to the
phase-specific residual stress partitioning. This result also illustrates the effect of
martensitic phase transformation on the stress in austenite phase. On the other
hand, the hoop residual stresses in deep-drawn D-TRIP and D-SS alloys are
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Figure 4.10. Evolutions of phase-specific hoop residual stress measured using SXRD. (a) Hoop residual stress evolutions of the austenite and strain-induced α’martensite phases as a function of deep-drawn cup wall height and thickness in
deep-drawn TRIP alloy, (b) hoop residual stress evolutions of the austenite phase
as a function of deep-drawn cup wall height and thickness in deep-drawn A-SS
alloy, (c) hoop residual stress evolutions of the austenite phase and bcc phases
consisting of ferrite and strain-induced α’-martensite phases as a function of deepdrawn cup wall height and thickness in deep-drawn D-TRIP alloy, and (d) hoop
residual stress evolutions of the austenite and ferrite phases as a function of deepdrawn cup wall height and thickness in deep-drawn D-SS alloy.
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Figure 4.11. Evolutions of phase-specific axial residual stress measured using SXRD. (a) Axial residual stress evolutions of the austenite and strain-induced α’martensite phases as a function of deep-drawn cup wall height and thickness in
deep-drawn TRIP alloy, (b) axial residual stress evolutions of the austenite phase
as a function of deep-drawn cup wall height and thickness in deep-drawn A-SS
alloy, (c) axial residual stress evolutions of the austenite phase and bcc phases
consisting of ferrite and strain-induced α’-martensite phases as a function of deepdrawn cup wall height and thickness in deep-drawn D-TRIP alloy, and (d) axial
residual stress evolutions of the austenite and ferrite phases as a function of deepdrawn cup wall height and thickness in deep-drawn D-SS alloy.
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partitioned among constituent phases as shown in Figure 4.10c, d. The results in
deep-drawn D-SS alloys show that ferrite phase has higher hoop residual stresses
compared to austenite phase and the tensile hoop residual stresses concentrate
in ferrite phase at outside surface of tip of deep-drawn cup wall. Comparison of
hoop residual stresses for deep-drawn D-TRIP and D-SS alloys shows that bcc
phases in deep-drawn D-TRIP alloy show higher hoop residual stresses than
ferrite phase at corresponding locations in deep-drawn D-SS alloy, while the
austenite phase for both deep-drawn D-TRIP and A-SS alloys shows similar hoop
residual stresses. It suggests that martensitic phase transformation has significant
effect on the hoop residual stresses in ferrite phase rather than that in austenite
phase in deep-drawn D-TRIP alloy.
The phase-specific axial residual stresses measured in deep-drawn SS alloys as
shown in Figure 4.11 show similar trend as the phase-specific hoop residual
stresses. The axial residual stresses decrease from outside surface to inside
surface of deep-drawn SS alloys. However, the deep-drawn A-SS alloy, in Figure
4.11b, shows largest tensile axial residual stress presented approximately at
outside surface in the middle height of deep-drawn cup wall, suggesting that the
macroscopic axial residual stresses are most severe in the middle deep-drawn cup
height. Comparison of axial residual stress for deep-drawn TRIP and A-SS alloys
also shows the partition in axial residual stresses for austenite phase and straininduced α’-martensite phase in deep-drawn TRIP alloy. The strain-induced α’martensite phase, in Figure 4.11a, shows higher axial residual stresses than
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austenite phase and the tensile axial residual stresses concentrate in the middle
height of deep-drawn TRIP alloy, which is consistent with analysis of macroscopic
axial residual stress in deep-drawn A-SS alloy. It should be noted that the change
in axial residual stresses measured at tip of deep-drawn cup wall for austenite
phase and strain-induced α’-martensite phase is not significant in TRIP alloy.
Moreover, the phase-specific axial residual stresses at tip of deep-drawn cup wall
are almost identical as the macroscopic axial residual stresses at corresponding
locations, suggesting that the effect of martensitic phase transformation on the
axial residual stress partitioning is not significant in TRIP alloy during deep-drawing
process. On the other hand, the axial residual stress partitioning among constituent
phases was observed in deep-drawn D-TRIP and D-SS alloys, as shown Figure
4.11c, d, and a large portion of axial residual stresses is partitioned into bcc
phases, while austenite phase has a small amount of axial residual stresses. The
axial residual stresses in bcc phases measured in deep-drawn D-TRIP and D-SS
alloys do not concentrate at tip of deep-drawn cup wall. Comparison of axial
residual stress for deep-drawn D-TRIP and D-SS alloys does not show significant
difference of axial residual stress in bcc phases, while the difference of axial
residual stress in fcc austenite phase was observed, specially at outside and inside
surfaces of deep-drawn cup walls. It suggests that effect of martensitic phase
transformation on axial residual stresses in bcc ferrite phase is not significant in DTRIP alloy during deep-drawing process.
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4.4 Discussion
4.4.1 Effect of martensitic phase transformation and constituent phases on
phase-specific stress concentration in deep-drawn stainless steel alloys
It is evident that martensitic phase transformation occurs in TRIP and D-TRIP
alloys during deep-drawing process based on the analysis of synchrotron x-ray
diffraction patterns, in Figure 4.5. The metastable austenite phase in TRIP alloy
partially transfers into ε-martensite and α’-martensite phases during deep-drawing
process, leading to the microstructure consisting of retained austenite phase, εmartensite phase, and α’-martensite phase. On the other hand, D-TRIP alloy
initially consists of metastable austenite phase and ferrite phase, and when this
alloy is processed by deep drawing operation, the microstructure of deep-drawn
D-TRIP alloy has retained austenite phase, ferrite phase, and α’-martensite phase
due to martensitic phase transformation during deep-drawing process. In the
literatures [17, 26, 95, 96], martensite phases resulted from martensitic phase
transformation can influence the phase-specific stresses during deformation and
lead to the stress concentration in phase scale in TRIP steel alloys. However, it
has been reported that the strain-induced ε-martensite phase would not sustain
the substantial load as it is processed during deformation, while the strain-induced
α’-martensite phase has significant effect on the load partitioning between
austenite phase and α’-martensite phase [17]. In the current study, the analysis of
diffraction pattern as shown in Figure 4.5a shows that the amount of strain-induced
ε-martensite phase, which is believed to form at shear band intersections and
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provide nucleation sites for α’-martensite phase [25], is limited in deep-drawn TRIP
alloy because of limit intensities in peaks in strain-induced ε-martensite phase.
Therefore, the effect of strain-induced ε-martensite phase on phase-specific stress
partitioning is not considered as a key factor responsible for the residual stress
concentration in deep-drawn TRIP alloy. As shown in Figure 4.10a and Figure
4.11a, the deep-drawn TRIP alloy exhibits the residual stress partitioning behavior,
which is mainly caused by strain-induced α’-martensite phase. The results show
that residual stresses concentrate in the strain-induced α’-martensite phase other
than austenite phase at same position in deep-drawn TRIP alloy based on the
analysis of synchrotron x-ray diffraction data. Comparison of hoop and axial
residual stresses in austenite phase for deep-drawn TRIP and A-SS alloys shows
a decrease of hoop and axial residual stresses in deep-drawn TRIP alloy
compared to in deep-drawn A-SS alloy at same position. It indicates that the
applied stresses could transfer from austenite phase to strain-induced α’martensite phase during deep-drawing process, resulting in the decrease of
residual stresses in austenite phase in deep-drawn TRIP alloy, but the residual
stress concentration in strain-induced α’-martensite phase. Furthermore, the
macroscopic hoop and axial residual stresses located at outside surface of tip of
deep-drawn cup wall are tensile stresses as illustrated in Figure 4.10b and Figure
4.11b, resulting from the complex strain path imported by deep-drawing process.
Hence, it is likely that the martensitic phase transformation associated with deepdrawing processing play significant role on stress distribution in deep-drawn TRIP
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alloy in terms of macroscopic stress and phase-specific stress, leading to the
tensile stresses concentrate in the strain-induced α’-martensite phase at outside
surface. It should be noted that the cracks observed in deep-drawn TRIP alloy
initiated from outside surface of tip and were all vertically propagating, indicating
that stress concentration in hoop direction at tip of deep-drawn cup wall could be
the critical factor contributing to the cracking phenomenon. In such case, as shown
in Figure 4.10a, the strain-induced α’-martensite phase located at outside of tip of
deep-drawn TRIP cup wall has the highest tensile residual stress, which would
result in the cracking phenomenon. In addition, the austenite phase shows the
corresponding decrease of hoop residual stress in deep-drawn TRIP alloy as
compared to that in deep-drawn A-SS alloy, indicating that the role of ductile
austenite phase on the resistance to cracking is significantly suppressed by the
stress partitioning among constituent phases caused by the martensitic phase
transformation in TRIP alloy. It is believed that this suppression in austenite phase
would be another contribution lowing the resistance to cracking in deep-drawn
TRIP alloy.
On the other hand, for the deep-drawn D-TRIP alloy, when the D-TRIP alloy is
processed by deep-drawing operation, the phase-specific stress partitioning
behavior can be caused not only by strain-induced α’-martensite phase but also
by the ferrite phase. Figure 4.10d and Figure 4.11d also illustrate the effect of
ferrite phase on changes in phase-specific residual stress in deep-drawn D-SS
alloy, resulting in the increase in residual stress in ferrite phase. However, the hoop
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and axial residual stresses in austenite phase do not significantly decrease in
deep-drawn D-SS alloy when we compare the residual stresses in austenite phase
at hoop and axial directions for deep-drawn D-SS and A-SS alloys. Moreover,
based on the consideration for cracking phenomenon as describe earlier, the
critical hoop residual stress shows even higher value in austenite phase located at
outside surface of tip of deep-drawn D-SS cup wall than that of deep-drawn A-SS
cup wall, showing that the austenite phase in deep-drawn TRIP alloy has a
considerable portion of residual stresses. Those results indicate that the
contribution of austenite phase on resistance to cracking in deep-drawn D-SS alloy
is not significantly suppressed by the stress partitioning between austenite phase
and ferrite phase. It is believed to be caused by the unique micromechanical
mechanism regarding to the stress partitioning between austenite phase and ferrite
phase [35, 36]. According to our prior study of lattice strain evolution during tensile
loading using in-situ neutron diffraction in Chapter 3 and literature [36], the applied
stresses initially transferred from soft austenite phase to hard ferrite phase when
plastic flow initiates in D-SS alloy, and as increasing of applied stress, the hard
ferrite phase firstly yields, resulting in the load transferring back to hardened
austenite phase. As a result, the hardening austenite phase continues to deform
to sustain the increase of applied stress as increasing strains. Furthermore, the
changes in stress in austenite phase also strongly affect the martensitic phase
transformation kinetics, which, in turn, would interact with constituent phases to
change the stress partitioning behavior in D-TRIP alloy during deep-drawing
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process [26]. In such case, the austenite phase in D-TRIP alloy is expected to
deform with the reduction of stress due to the ferrite phase maintains a portion of
applied stress during deep-drawing process, resulting in the decrease of phase
transformation rate and strain-induced α’-martensite phase fraction, in Figure 4.6.
Also, it has been reported that the fracture behavior is significantly correlated to
the strain-induced α’-martensite phase fraction as the higher amount of straininduced α’-martensite phase would have strong potential to develop the network
consisting of brittle α’-martensite phase providing the propagation of cracks [20].
Therefore, the lower amount of strain-induced α’-martensite phase generated in
deep-drawn D-TRIP alloy, as shown in Figure 4.6, is believed to contribute on the
good resistance to cracking. Furthermore, as compared of hoop residual stress for
deep-drawn D-TRIP and D-SS alloys, the hoop residual stresses in bcc phases
was observed to be higher in deep-drawn D-TRIP alloy. It is believed to be caused
by the strain-induced α’-martensite phase ascribing to the effect of martensitic
phase transformation on the stress partitioning behavior, as bcc peaks in
synchrotron x-ray diffraction patterns, in Figure 4.5c, were generated from ferrite
phase and strain-induced α’-martensite phase. In such case, the residual stresses
in bcc phases in deep-drawn D-TRIP alloy would be particularly partitioned
between bcc ferrite phase and strain-induced bcc α’-martensite phase. As a result,
such local stress partitioning between bcc phases in deep-drawn D-TRIP alloy
could allow the ductile ferrite phase to maintain a portion of tensile residual
stresses and thereby provide contributions on decreasing the tensile stress
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concentration in strain-induced α’-martensite phase. Therefore, although the
strain-induced α’-martensite phase shows hoop residual stress concentration at
outside surface of tip of deep-drawn D-TRIP alloy, the changes in martensitic
phase transformation kinetics and stress partitioning behavior affected by ferrite
phase could lead to decrease the amount of strain-induced α’-martensite phase
and release the tensile stress concentration in strain-induced α’-martensite phase,
resulting in the good resistance to cracking in D-TRIP alloy.
4.4.2 Texture evolution and its effect on the martensitic phase
transformation and plastic anisotropy in deep-drawn stainless steel alloys
It has been presented in Figure 4.4 that the cracking phenomenon in deep-drawn
TRIP alloy shows changes in propagation rate varying from RD to TD,
demonstrating the orientation-dependent behavior in the cracking phenomenon.
As discussed earlier in section 4.4.1, it is believed that the amount of straininduced α’-martensite phase distributing nonuniformly from RD to TD, in Figure
4.6, could be closely related to the orientation-dependent behavior of cracking in
deep-drawn TRIP alloy. It also has been confirmed that the changes in cracking
rate and strain-induced α’-martensite phase fraction in deep-drawn TRIP alloy
show the same trend when we compare results of Figure 4.4 and Figure 4.6. It has
been well known that the changes in martensitic phase transformation kinetics
following crystallographic variant selection are also controlled by the texture in
parent austenite phase, thus resulting in the difference in amount of strain-induced
α’-martensite phase [37]. Furthermore, according to the literature [123], the
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circumferential compression with straining direction paralleling to hoop direction is
predominately acting on the sheet flange during deep-drawing process. Thus, as
shown in Figure 4.7, the <110> fibers paralleling to hoop direction in austenite
phase, such as A {011}<111> and Rotated-Goss {110}<011> components, has
been developed in all deep-drawn stainless steel alloys. It also illustrates that the
constrained effect of ferrite phase on the development in texture in austenite phase
is not significant during deep-drawing process in D-TRIP and D-SS alloys. In the
current study, the crystallographic texture analysis for austenite phase shows that
the textures in austenite phase have weaker <100> components paralleling to the
hoop direction in deep-drawn TRIP and D-TRIP alloys as compared to that in deepdrawn A-SS and D-SS alloys. In order to clearly analyze the effect of martensitic
phase transformation on texture evolution in austenite phase and in corresponding
strain-induced α’-martensite phase, the inverse pole figures along with the hoop
direction in strain-induced α’-martensite phase and austenite phase at RD in deepdrawn TRIP alloy are presented in Figure 4.12. Figure 4.12a shows that texture in
strain-induced α’-martensite phase shows higher texture intensity in <100>
component while lower texture intensity in <111> component, which, however,
does not show an agreement with the typical texture of bcc steel alloy subjected
to uniaxial compression [118]. Accordingly, the texture in austenite phase does not
show the <100> component in inverse pole figure, in Figure 4.12b, which again is
consistent with the comparison of pole figures in austenite phase for deep-drawn
TRIP and A-SS alloys. According to the Bain model used for studying the
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Figure 4.12. Inverse pole figures along the hoop direction in deep-drawn TRIP alloy
(DR = 2.0) showing the deformation textures in the strain-induced α’-martensite
phase and the austenite phase.
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crystallographic orientation correlation between austenite phase and straininduced α’-martensite phase [124], it is likely that the martensitic phase
transformation in TRIP and D-TRIP alloys prefers to take place in the (100)
austenite grains when the hoop direction is parallel to the normal of (100) plane in
austenite grains during deep-drawing process, resulting in the increase in texture
intensity of <100> component in strain-induced α’-martensite phase while
accordingly decreasing that in austenite phase. In this case, therefore, the initial
texture intensities of (100) austenite grains that would be the resource promoting
the martensitic phase transformation can be used to estimate the relative amount
of strain-induced α’-martensite phase distributing from RD to TD in deep-drawn
TRIP and D-TRIP alloys. Thus, the comparison of amount of strain-induced α’martensite phase in deep-drawn cups and initial texture intensity in (100) austenite
grains along hoop direction in alloy plates are presented from RD to TD in Figure
4.13. This comparison shows that the changes in strain-induced α’-martensite
phase fraction and (100) texture intensity in austenite phase have same trend in
TRIP alloy, indicating the significant contribution of initial texture in austenite phase
on the change in amount of strain-induced α’-martensite phase fraction in deepdrawn

TRIP

alloy,

and

thus

orientation-dependent

cracking

behavior.

Nevertheless, the initial texture intensity in (100) austenite phase increases from
RD to TD in D-TRIP alloy, which shows the different trend as the change in the
amount of strain-induced α’-martensite phase. It indicates that the anisotropic
behavior in terms of strain-induced α’-martensite phase fraction in deep-drawn D137
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Figure 4.13. A comparison between the strain-induced α’-martensite phase
fraction measured in deep-drawn TRIP and D-TRIP alloys and the initial (200)
texture intensity in austenite phase in the as-received TRIP and D-TRIP alloy
plates.
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TRIP alloy could be not only affected by initial texture in austenite phase. In the
literature [35], it has been reported that the initial texture in ferrite phase plays a
significant role in the plastic anisotropy in cold-rolled duplex stainless steel alloys
due to the lamellar ferrite phase develops the strong initial texture. In the current
study, it was presented in Figure 4.9 that the texture intensity in ferrite phase varies
significantly from RD to TD in deep-drawn D-TRIP alloy, which could have a strong
contribution on the plastic anisotropy. In this case, therefore, the applied stresses
influenced by the plastic anisotropy in D-TRIP alloy could vary in ferrite phase and
correspondingly in austenite phase from RD to TD during deep-drawing process,
resulting in the changes in martensitic phase transformation kinetics. For example,
according to Moverare et al. [103], the cold-rolled duplex stainless steel alloy
exhibits the lower tensile strength when the straining direction is along with the 45o
with respect to RD. Also, our prior study in Chapter 3 showed that the stresses in
ferrite phase decrease when the specimen is stretching along 45o respect with RD
due to corresponding ferrite grains show higher Schmid factors. This corresponds
to an increase in stresses in austenite phase at 45o respect with RD, leading to the
increase in amount of strain-induced α’-martensite phase at this direction.
Therefore, in the current study, the underestimation in the strain-induced α’martensite phase fraction using the initial texture intensity in (100) austenite grains
in deep-drawn D-TRIP alloy could be compensated by the plastic anisotropy
mainly caused by the texture in ferrite phase. As discussed earlier in this section,
it is expected that the crystallographic textures in austenite phase as well as ferrite
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phase have the contribution on the inhomogeneous distribution in strain-induced
α’-martensite phase fraction in deep-drawn D-TRIP alloy. Also, this current study
illustrates that the deep-drawn D-TRIP alloy would show the cracking phenomenon
as the drawing ratio increases due to the hoop residual stress concentration in
strain-induced α’-martensite phase, and the crack is believed to initiate at 45 o
respect to RD because of the higher amount of strain-induced α’-martensite phase.

4.5 Conclusions
In this chapter, the correlation of phase-specific residual stress partitioning
behavior,

martensitic

phase

transformation,

constituent

phases,

and

crystallographic texture was systematically studied to understand the mechanisms
responsible for the cracking behavior and formability of TRIP-assisted stainless
steel (SS) alloys during deep-drawing process at ambient temperature. Four
stainless steel alloys, i.e. (1) a TRIP SS (TRIP alloy), (2) a stable austenitic SS (ASS alloy) (stable counterpart of (1)), (3) a lean duplex TRIP SS (D-TRIP alloy), and
(4) a lean duplex stable SS (D-SS alloy) (stable counterpart of (3), were processed
using deep-drawing operation. The microstructure and texture developed in deepdrawn SS alloys were characterized using high-energy synchrotron x-ray
diffraction (S-XRD) technique. Furthermore, the phase-specific residual stresses
in deep-drawn SS alloys were mapped using S-XRD as a function of deep-drawn
cup wall height and thickness. The conclusions are as follows:
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1. The cracking phenomenon was observed in the deep-drawn TRIP alloy with 1.9,
2.0, and 2.1 drawing ratios whereas the deep-drawn D-TRIP alloy showed a good
resistance to cracking. It was also shown that the deep-drawn TRIP alloy with 2.1
drawing ratio has a change in cracking rate from rolling direction to transverse
direction, suggesting an orientation-dependent cracking behavior.
2. The analysis of synchrotron x-ray diffraction patterns showed that the
martensitic phase transformation happened in TRIP and D-TRIP alloys during
deep-drawing process, resulting in the microstructure consisting of retained
austenite phase and strain-induced ε- and α’-martensite phase in deep-drawn
TRIP alloy while the microstructure consisting of initial ferrite phase, retained
austenite phase, and strain-induced α’-martensite phase in deep-drawn D-TRIP
alloy. The deep-drawn TRIP alloy had the higher average amount of strain-induced
α’-martensite phase at outside surface of tip of deep-drawn cup wall compared to
deep-drawn D-TRIP alloy. Comparison of the strain-induced α’-martensite phase
fraction for deep-drawn TRIP and D-TRIP alloys showed different trends from
rolling direction to transverse direction.
3. The phase-specific stress partitioning behavior revealed that the hoop residual
stresses concentrated in strain-induced α’-martensite phase in deep-drawn TRIP
and D-TRIP alloys. For the deep-drawn TRIP alloy, the effect of ductile austenite
phase on the resistance to cracking is significantly reduced as the decrease in
hoop residual stress in austenite phase in deep-drawn TRIP alloy compared to that
in deep-drawn A-SS alloy. Thus, the phase-specific stress partitioning behavior
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caused by martensitic phase transformation could be responsible to the cracking
phenomenon in deep-drawn TRIP alloy. However, for the deep-drawn D-TRIP
alloy, the hoop residual stresses in bcc phases were partitioned between ductile
ferrite phase and strain-induced α’-martensite phase and it could result in the
reduction in hoop stress concentration in strain-induced α’-martensite phase.
Moreover, the stress partitioning between austenite phase, ferrite phase, and
strain-induced α’-martensite phase did not prohibit the contribution of ductile
austenite phase on the resistance to cracking in deep-drawn D-TRIP alloy.
Therefore, the phase-specific stress partitioning behavior and its effect on the
stress concentration are corresponded to the difference in formability for TRIP and
D-TRIP alloys in terms of cracking phenomenon.
4. The texture in austenite phase showed <100> fiber along the hoop direction and
the texture in ferrite and strain-induced α’-martensite phases had <111> and
<100> fibers along the hoop direction in all deep-drawn SS alloys due to the sheet
flange was predominately subjected to circumferential compression along hoop
direction. As compared of texture component in austenite phase for deep-drawn
TRIP and D-TRIP alloys and their stable counterparts, it was shown that the
martensitic phase transformation was favored to occur on (100) austenite grains
along the hoop direction. Thus, the initial texture in austenite phase that is strongly
related to martensitic phase transformation kinetics resulted the changes in the
amount of strain-induced α’-martensite phase in deep-drawn TRIP and D-TRIP
alloys. It corresponds to the orientation-dependent cracking behavior in deep142

drawn TRIP alloy. Furthermore, the changes in texture intensity in ferrite phase
from rolling direction to transverse direction illustrated the effect of texture in ferrite
phase on the plastic anisotropy in D-TRIP alloy. Thus, the texture in ferrite phase
could be considered to another factor contributing on the inhomogeneous
distribution in the amount of strain-induced α’-martensite phase in deep-drawn DTRIP alloy.
Overall, the martensitic phase transformation results in significant stress
concentration in strain-induced α’-martensite phase due to the phase-specific
stress partitioning between constituent phases in TRIP alloy, making it susceptible
to the cracking phenomenon during deep-drawing process at ambient
temperature. However, the phase-specific stress partitioning behavior optimized
by the ferrite phase in D-TRIP alloy could reduce the stress concentration in straininduced α’-martensite phase, leading to a good resistance to cracking.
Furthermore, the textures in austenite phase and ferrite phase are responsible for
the change in martensitic phase transformation kinetics, resulting in the
inhomogeneous distribution of strain-induced α’-martensite phase fraction in deepdrawn TRIP and D-TRIP alloys and the orientation-dependent cracking behavior
in deep-drawn TRIP alloy. Therefore, this work provides the possibilities to improve
the formability of high-strength TRIP-assisted steel alloys by controlling the
constituent phases and their texture.
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CHAPTER 5 Summary and Conclusions
In the current study, the interplay of martensitic phase transformation, constituent
phases, and crystallographic texture during uniaxial tension and deep-drawing
process and its effect on the cracking phenomenon of TRIP-assisted steel alloys
were studied through connecting microstructure to the phase-specific stress
partitioning behavior. Four stainless steel (SS) alloys were studied during tensile
loading and deep-drawing process at ambient temperature: (1) a TRIP SS, (2) a
stable austenitic SS (stable counterpart of (1)), (3) a lean duplex TRIP SS, and (4)
a lean duplex stable SS (stable counterpart of (3)). The microstructure and texture
evolutions in tensile specimens and deep-drawn cups were studied using highenergy synchrotron x-ray diffraction. The in-situ neutron diffraction was also used
to understand the phase-specific stress partitioning behavior by analyzing the
lattice strain evolution during uniaxial tensile loading. Furthermore, the phasespecific residual stresses in deep-drawn cups were measured using high-energy
synchrotron x-ray diffraction as a function of cup wall height and thickness.
Detailed conclusions are as follows:
1. In the study of SS alloy plates, the TRIP alloy exhibits higher tensile strength
and ductility as compared to D-TRIP alloy. The plastic anisotropy is more
pronounced in D-TRIP alloy compared to the TRIP alloy based on the analysis of
the Lankford coefficient. In the study of deep-drawn SS alloy cups, the cracking
phenomenon was only observed in deep-drawn TRIP alloy, suggesting that the DTRIP alloy has a better resistance to cracking and formability during deep-drawing
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process compared to the TRIP alloy. It is also shown that the cracking behavior in
deep-drawn TRIP alloy is orientation-dependent because of the changes in
cracking rate from RD to TD.
2. The analysis of synchrotron x-ray diffraction patterns shows that the TRIP alloy
develops higher average amount of strain-induced α’-martensite phase compared
to D-TRIP alloy during tensile loading and deep-drawing process. Furthermore,
although the strain-induced α’-martensite phase fraction does not show significant
anisotropic behavior in the TRIP and D-TRIP alloys during tensile loading, it is
more pronounced in the deep-drawn cups of TRIP and D-TRIP alloys. The amount
of strain-induced α’-martensite phase decrease almost linearly from RD to TD in
deep-drawn TRIP alloy, while it increases from RD to 45o and then slightly
decrease from 45o to TD in the deep-drawn D-TRIP alloy.
3. The stress partitioning behavior was investigated during uniaxial tension and
deep-drawing process. The results show that the effect of strain-induced εmartensite phase on stress partitioning in the TRIP SS is not significant. On the
other hand, the strain-induced α’-martensite phase plays an important role in the
stress partitioning during plastic deformation in that the applied stress is
transferred into strain-induced α’-martensite phase, resulting in the residual stress
concentration in this martensite phase in both the TRIP and D-TRIP SS alloys.
However it is found that the residual stress in strain-induced α’-martensite phase
in the D-TRIP alloy is reduced as compared to the TRIP alloy, which is ascribed to
the local force balance between ferrite phase and strain-induced α’-martensite
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phase in the D-TRIP alloy, resulting from the load sharing of the ferrite phase.
Moreover, the phase-specific stress partitioning between austenite phase, ferrite
phase, and strain-induced α’-martensite phase does not prohibit the contribution
of ductile austenite phase on the resistance to cracking in D-TRIP alloy as the
stress in austenite phase in D-TRIP alloy is comparable to that in the single-phase
A-SS alloy. The stress partitioning behavior modified by ferrite phase could also
result in the decrease of stress in austenite phase in D-TRIP alloy, leading to a
lower strain-induced α’-martensite phase fraction, which could further contribute to
the improved resistance to cracking in the D-TRIP alloy.
4. The effect of crystallographic texture on the plastic anisotropy and martensitic
phase transformation kinetics was studied during tensile loading and deep-drawing
process. The analysis on texture evolution shows that the effect of texture in
austenite phase on the plastic anisotropy is limited due to the comparable textures
and their intensities for both TRIP and D-TRIP alloys. However, comparison of
texture in the austenite phase in deep-drawn TRIP and D-TRIP alloys shows that
martensitic phase transformation is favored to occur on (100) austenite grains
along hoop direction, which is consistent with the description in Bain model. Thus,
the initial texture in austenite phase, specially the (100) texture intensity, could
affect the martensitic phase transformation, and it is responsible for the changes
in strain-induced α’-martensite phase distributing in deep-drawn cup wall tip from
RD to TD in both TRIP and D-TRIP alloys. On the other hand, the significant
difference in texture intensity in ferrite phase from RD to TD in D-TRIP alloy
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indicates that the initial texture in ferrite phase is responsible for the plastic
anisotropy, which could be another factor contributing to the inhomogeneous
distribution of strain-induced α’-martensite phase fraction in deep-drawn D-TRIP
alloy. As a result, the inhomogeneous distribution of strain-induced α’-martensite
phase fraction could correspond to the orientation-dependent cracking behavior,
which shows the same trend as the changes in strain-induced α’-martensite phase
fraction from RD to TD in the deep-drawn TRIP alloy.
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